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Supplementary Note 1 | Oxygen embrittlement in RCCAs
This note is a short review on various oxygen embrittlement mechanisms in refractory (complex concentrated) alloys, several ductillization strategies and their corresponding limitations. From this note, the novelty yet ubiquity of the oxygen embrittlement mechanisms in this study, the high efficacy and low costs of the carbon microalloying ductilisation strategy, as well as the indispensability of the composition design of the base Nb-Ta-Hf-W RCCA can all be manifested.
In refractory metals, refractory alloys and RCCAs, oxygen impurities come from various origins including the feedstock1, preparation environment1, processing environment2, service environment3, etc. If classifying these materials into two categories as those with or without intrinsic plasticity at room temperature (RT), a rough correlation with the two types of oxygen embrittlement can be found.
In the latter (intrinsically brittle) category, polycrystalline Mo/W and their alloys, as well as RCCAs with high (Mo+W) content, seldom suffer from brittleness caused by oxides, but often by oxygen in atomic form. This is because VIB-group elements Mo and W have relatively lower combining tendency with oxygen compared to other refractory elements4,5, rendering oxygen impurities free atomic form instead of compounds4,6. Meanwhile, VIB-group elements also have far lower (negligible) solubility of oxygen in the intragranular crystal lattice compared to other refractory elements4,6, which leads to severer oxygen segregation towards grain boundaries (GBs) with a local oxygen concentration as high as 5~10 at.% even if the bulk oxygen content is not high7. In the NbTaMoW RCCA with 50% VB-group elements which can dissolve higher amount of oxygen in their pure metal forms4,6, however, the severe distortion and contraction in the overall alloy lattice also result in extremely low oxygen solubility at octahedral/tetrahedral interstitial sites and thus oxygen segregation towards GBs8,9. Due to the high electron negativity and bond directionality of O atoms, the electron charge density along the O-M (M stands for metals) bonds at GBs are depleted around the M sites but are localized around the O sites9-11, causing increased ionicity and weakened strength/flexibility of the bond and thus degraded cohesion of GBs9,11. This ultimately leads to easy intergranular brittle fracture under external loading even at low stresses, as seen in Mo12, TZM13, W14, W-Ta alloys15, equiatomic NbTaMoW RCCA16 and non-equiatomic RCCAs in the Nb-Ta-Mo-W family17,18, typically in their as-cast, as-sintered, homogenized and/or recrystallized states where a large proportion of high angle grain boundaries (HAGBs) possess high GB energy for preferential oxygen segregation19.
On the other hand, pure Mo/W and RCCAs with high VIB element contents have more compact screw dislocation core structures20-22, weaker bimodality in electronic density of states21 and less edge components in the screw dislocation core23 compared to pure V/Nb/Ta or RCCAs with higher VB+IVB element contents, rendering them far higher energy barriers for the activation of screw dislocations or kink pairs at low homologous temperatures and thus a ductile-to-brittle transition temperature (DBTT) below RT. This is why intrinsic brittleness usually overlapps with GB extrinsic embrittlement induced by oxygen in atomic form within these materials, as manifested by their fractography exhibiting mixed intergranular + transgranular cleavage as seen in TZM24,25, Mo-Re alloys26, NbTaMoW9,27, etc. Sometimes, only intergranular fracture can be observed, which is caused by the far lower GB strength compared to the transgranular cleavage threshold stress.
It is worth noting that this correlation is not absolute, especially when concerning the external conditions. Firstly, the supersaturated oxygen in VIB-group metals in some cases should be regarded as tiny oxides4,8, which might actually be embryos and are unnecessary to be distinguished from atomic form oxygen in terms of their embrittlement mechanisms. But secondly, indeed, for some near-equilibrium Mo/W/NbTaMoW samples (e.g., melted at slow solidification rates28, heat treated at high temperatures or for long time29, hot isostatic pressed (HIP)27, and/or thermomechanically processed30), mature oxides would form at GBs with the more active Nb/Ta solutes combining with O27,30, or with Mo/W finally combining with O under sufficient thermodynamic conditions28,29.
For this category of oxygen embrittlement, several mitigating strategies had been put forward. Adding trace amounts of boron and/or carbon atoms can first suppress GB oxygen segregation by their higher diffusion rate and lower GB segregation energy9,31, as an embodiment of the “site competition” effect32,33. Then, boron and/or carbon can even further strengthen the GB atomic cohesion through their robust electronic interactions with metallic elements that enhances the charge density and integrity of the metallic bonds9,11,34. Indeed, the intergranular fracture can be completely or partially eliminated after boron/carbon microalloying, and the fracture toughness and/or compressive ductility can be relatively improved, as seen in Mo35,36, W37, NbTaMoW RCCA9 and VNbCrMoAl0.1 RCCA38. Alternatively, adding small amounts of reactive IVB-group elements can scavenge the harmful free atomic oxygen into small, discontinuous oxides in these materials, as seen in Mo-Hf12, W-Hf39, NbTaMoW-Ti40, etc. These oxides are benign and do not again lead to brittleness. Furthermore, promoting the segregation of specific substitutive solute elements that are most beneficial for GB cohesion under controlled thermodynamic conditions can also alleviate intergranular impurity-induced brittleness, such as W in VTaMoW RCCA41. However, after the implementation of these strategies, the RT tensile/compressive fracture mode of these materials only shifts from intergranular to transgranular cleavage, with still limited elongation even in compression9,12,35-38,40,41, revealing their intrinsic brittleness. One strategy to simultaneously mitigate intrinsic and extrinsic brittleness for these materials is thermomechanical processing, creating a deformed microstructure with large proportions of low angle grain boundaries (LAGBs) which are unfavorable for oxygen segregation and with pre-fabricated dislocations to facilitate the activation and migration of dislocations42,43. Nevertheless, this cannot be utilized for high-temperature applications, because the deformed structures would easily go through recrystallization under high temperatures and the recrystallization-induced oxygen embrittlement at HAGBs would reoccur19,44. Although methods such as doping rhenium45, potassium bubbles46,47, carbides48 and/or oxides49 prior to thermomechanical processing can stabilize the obtained dislocation structures and LAGBs thus increasing the recrystallization temperature, or alternatively, carefully controlling the recrystallization texture while maintaining a high purity sample19,50,51 or adding extremely high amounts of rhenium52,53 can keep RT tensile ductility even at the recrystallized state, these methods are costly, hard to control, and/or only having limited effects. The above are for refractory metals or dilute alloys, still less, for high Mo+W RCCAs with severer lattice distortion, cracks may develop during hot working30,54 because the elevated temperature ductility of these oxygen embrittled RCCAs is still marginal in tension27 and compression27,55, or, even after successful hot working, the RT ductility remains limited56 for subsequent cold processing.
Therefore, the composition design of the base RCCA should only focus on alloy systems with intrinsic ductility, ensuring the applicability of recrystallized alloys and processability of as-cast alloys. This is the former category that was proposed at the beginning of this note, in which a combination of good intrinsic ductility and high-temperature strength is endowed to Nb-based alloys57, Ta-based alloys58 and (V)NbTa-based RCCAs59,60, and oxide-induced embrittlement takes place more often than atomic-form oxygen induced embrittlement. Cracks can preferentially propagate along GBs decorated with coarse oxides such as HfO23,61-63 (Nb-Hf alloys C103 and C3009, and Ta-W-Hf alloy T-111), ZrO2 or TiO64 (V40Nb40Ta10Ti10 RCCA), which form via internal oxidation61 during casting, heat treatments and/or creep test (Nb45Ta25Ti15Hf15 RCCA, creeped even in argon atmosphere3). This internal oxidation arises from the reaction between oxygen coming from feedstocks or environment, and IVB-group elements in these alloys which serve as strengtheners but have highest affinity with oxygen5. Dissolution of the large-radius IVB-group elements into VB-group element matrix can first result in an enhanced oxygen solubility at low IVB element concentrations (~2 at.%) due to the expansion of the body centered cubic (BCC) lattice65,66, but a drastic decrease down to negligible oxygen solubility would then occur for higher IVB element concentrations (10~15 at.%) owing to high formation potentials of oxides65. Under external stresses, GB oxides can selectively decohere from the BCC grains along metal-oxide interfaces with specific terminating layer that has ultra-low work of separation (e.g., NbBCC-OHfO2 layer in C-103 alloy)2, leading to GB microcrack coalescence and embrittlement.
Of course, this correlation also has exceptions. For alloys in this compositional space but prepared via ultra-high cooling rates (e.g., quenching, additive manufacturing), embrittlement by oxygen in atomic form and smooth intergranular fracture surfaces without the trace of oxides can be observed in V3Nb4Ta4Ti1 RCCA67, Ti1Zr1Hf1V0.5Nb1Ta1Mo0.5 RCCA55, Nb-Ti-Al alloy10 and even commercial Ti68.
To address the oxide-induced embrittlement, wrapping the alloy in reactive or rare-earth element foils during heat treatments can effectively absorb oxygen, prevent intergranular brittleness and achive high RT tensile ductility (Zr foil on V40Nb40Ta10Ti1064; Y foil on V3Nb4Ta4Ti167; Ta foil on Nb-1Zr69). Nonetheless, this strategy only prevents the formation of oxides during heat treatments of an oxide-free as-cast ingot, and might be impractical for certain as-cast RCCAs possessing even higher sensitivity to GB oxide formation with pre-existing GB HfO2/ZrO2 in as-cast ingots. This is because it is energetically unfavorable for foils to scavenge oxygen out of these two oxides which have the lowest formation energy among most metal oxides over a wide temperature range5,70.
Furthermore, oxide formation, evolution and its embrittling mechanisms remain insufficiently understood in as-cast state. Unlike most cases where HfO2/ZrO2 precipitate from the solid BCC matrix during sintering or heat/thermomechanical treatments (typically in their stable monoclinic form2,71), during solidification process along with complex solute redistribution and continuous cooling, oxide precipitation from the liquid72 and potential polymorphic transformations may be involved. Oxides have only been studied as black-boxed normal brittle particles in these refractory systems without the knowledge of the influence of their internal structural changes on the extent of embrittlement.
Carbon microalloying strategy have thus far only overcomed/mitigated intergranular brittleness in intrinsically brittle systems. No matter implemented as direct addition of atomic C to compete for the GB atom sites against O9,35, or as addition of carbides to dissolve harmful atomic O into the carbides to form oxycarbides73, this strategy only yields relative improvements of ductility in RT compression, RT bending and 150℃ tension. Although this strategy is cost-effective, whether it can apply to those intrinsic ductile RCCAs with high oxide formation tendency and obtain RT tensile ductility is still unknown, which is eventually proved to be positive by this study. In another aspect, for the sake of high-temperature strength, carbon alloying in traditional refractory alloys often focus on carbide precipitation and does not harm the RT tensile ductility, while in the RCCA community, too much focus on BCC-carbide eutectic systems resulted in a series of RCCAs with extraordinary high-temperature strength but mere RT compressibility74-83, which are actually inapplicable. Therefore, it is of substancial significance to introduce carbide-precipitation strengthening into RCCAs by carbon microalloying without cancelling off the oxygen scavenging and ductilisation effect brought by the same strategy.
For another compositional space of RCCAs, the Ti-Zr-Hf-Nb-Ta alloy family, the sensitivity to oxygen embrittlement is rather low due to the high oxygen solubility in these IVB-group-element-dominated alloys. This is demonstrated by the ultra-high oxygen content threshold for RT tensile embrittlement84, and the embrittlement at moderately-high oxygen contents only at cryogenic temperatures85. Also, the brittleness usually takes the form of transgranular cleavage84,85, which can be overcomed during hot working, not like intergranular brittleness. However, compositions in this alloy family should not be adopted for the design of high-temperature RCCAs, because this alloy family possesses drastically diminished strength with increasing temperature86 due to overly high content of IVB-group elements87. Therefore, the optimal choice for the alloy family aimed at high-temperature use in this study is (V)NbTa-based RCCAs. A more detailed compositional design is described in the introduction of the main text.


Supplementary Note 2 | In-situ annealing and microstructures of the alloy ingots
During the final remelting process, the melting current was gradually reduced from high power to 25% at a 30-second interval, maintaining top part of the ingot in liquid form to in-situ heat treat the majority of the solidified ingot to achieve desired microstructures27. It is this tuned microstructure at the center parts of the ingot that achived optimal carbide-decorated subgrain boundary networks, otherwise the comprehensive properties of the carbon microalloyed RCCA would be less favorable.
As shown in Supplementary Fig. 2, the microstructures at different positions of the as-cast 0.8C alloy ingot are highly heterogeneous due to different solidification conditions and different extents of in-situ annealing at each position. A description of Supplementary Fig. 2 is written as follows:
a, Schematic diagram illustrating the distribution of different microstructures across the whole vertical cross-section of the cast ingot.
b, Experimentally observed macrostructures of the etched vertical cross-section of the ingot, in an optical stereomicroscope (Leica, M125).
c, Observation of a selected area in b, in an optical microscope (OM, OLYMPUS, EMP2000). The five distinct microstructural regions are:
1—Chilling zone with fine solidified dendrites at the bottom of the ingot adhering to the water-cooled copper crucible. This is the initial solidification zone of the last remelting, and the subsequent in-situ annealing had nearly no effect on this region due to the long distance from the top of the ingot and the continuous cooling effect of the crucible.
2—Solidified dendrites coarser than (1). In-situ annealing had no to little effects.
3—Equiaxed grains containing subgrains. This region underwent complete in-situ homogenization.
4—Equiaxed grains simultaneously containing dendritic structures and subgrains. This region underwent incomplete in-situ homogenization due to prior melting and insufficient time for diffusion after the liquid-solid interface advanced further upward.
5—The top of the ingot, with quiaxed grains containing subgrains only. This region underwent complete in-situ homogenization due to low cooling rate and prolonged time for diffusion.
c12, SEM image showing interdendritic carbide clusters within the fine solidified dendrites.
c2, A deliberately defocused OM image to better show the dendritic structures.
c21, EDS mapping of metallic elements in the solidified region. W and Ta segregate in dendrite arms, whereas Hf and Nb segregate in interdendritic regions. This applies to both 0.8C and 0C alloys, and is consistent with the calculated results in Extended Data Fig. 4c.
c22, SEM image showing interdendritic carbide clusters within the coarser solidified dendrites. These carbide clusters are also coarser, likely due to the slower cooling rate and/or a slight degree of in-situ homogenization.
c3, OM image showing equiaxed grains containing subgrains in the completely homogenized region at the mid-height of the ingot.
c31, SEM image demonstrating that the interdendritic carbide networks had evolved into the subgrain boundary carbide networks. The carbides exhibit fine sizes individually, and a chain character collectively, which is consistent with Extended Data Figs. 7g-i.
c5, OM image showing equiaxed grains containing subgrains in the completely homogenized region at the top of the ingot.




Supplementary Note 3 | Local deformation behaviors of 0C alloy
For the fractured 0C alloy in RT tension in a brittle manner, misorientation angles between the geometrically separated parts along the primary crack (Extended Data Figs. 2a, e) are mostly ≥ 15°, verifying the intergranular failure mode at high angle grain boundaries (HAGBs). A minor part of these angles are ≤ 10° (Extended Data Fig. 2e) and correspond spatially with the strained areas in the grain reference orientation deviation (GROD) map (Extended Data Fig. 2c), which indicates very limited local regions of plastic deformation instead of direct crack propagation along low angle grain boundaries (LAGBs). Selected grains containing slip traces (Extended Data Fig. 2d) happened to be ideal for slip system activation analysis due to mere incipient plasticity88-90. Single (01)[11] planar slip with straight slip traces can be observed in the center region of grain 1 (G1) (Extended Data Fig. 2f), whereas non-coplanar double slips of (01)[11] and (112)[11] are also present, which cannot be cross slip due to different Burgers vectors. In the left region of G1, cross slips occurred between (01)[11] and (110)[11], based on identical Burgers vectors and the successive zig‑zag trajectory of the straight slip traces (Extended Data Fig. 2f). This {110} slip system coexisted with (21)[11] planer slip. Other double slips observed include (21)[11] + (1)[11] (in G1) and (121)[11] + (13)[11] (in G7). In G2, G4 and G5- G7, traces with {112} plane trace directions can either be {112} slip (with misorientation < 1°) or {112}<111> twinning with 60° misorientation91,92 (Extended Data Fig. 2f). {112} twins with two variants (Extended Data Fig. 2p) and wider widths are also present (Extended Data Figs. 2m-o) in a coarser grain where twins have lower critical activation stress93. Slip transfer across the matrix and one twin variant, as (10)[11]Matrix ↔ (101)[11]Twin (Extended Data Fig. 2m), although unavoidably triggered some extent of dislocation pile up (due to resistance to this transfer) and interfacial strain concentration94 (Inset of Extended Data Fig. 2p), it did, on the other hand, alleviate local stress concentration and continued the plastic deformation by adopting new favourable slip planes in the rotated lattice95. Notably, the twin tips caused significant level of stress concentration96 and activated more slips (white circle in Extended Data Fig. 2m). There’re also minor casting shrinkages (Extended Data Fig. 2m, and G1 in Extended Data Fig. 2f), but the surrounding matrix buffered the development of the voids by plastic deformation, and no further void coalescence or cracking were present around these shrinkages. In all, the diverse deformation behaviors shown above demonstrate good intrinsic ductility within each grains of 0C alloy. Indeed, the averaged valence electron concentration (VEC) of 0C alloy is 4.92, even lower (roughly implying better intrinsic ductility21,97) than the ductile VNbTa RCCA98,99 (VEC = 5). Therefore, the origin of RT brittleness of 0C alloy is only related to GBs (Fig. 2a). However, the GB separation is not due to poor polycrystalline deformation compatibility, for the averaged Taylor factor M (Extended Data Fig. 2k) of the whole map is 2.753 (Supplementary Fig. 4a) (concerning {110}, {112} and {123} slips), which is very close to the typical value of well-compatible untextured BCC polycrystals (M = 2.754)100.
It is worth noticing that 0C alloy exhibited typical pencil glide and non-Schmid deformation behaviors. Slip in non-close-pakced BCC crystals occurs along <111> directions but on indeterminate planes that all have high critical resolved shear stress and contain the slip direction101, with the relatively dense {110} planes engaging the most and few-to-no {112} planes at low homologous temperatures including RT102. These genuine, atomic slip planes alternate by frequent cross-slips at a (sub-)nanometer scale102,103 in order to get an averaged plane along or near maximum resolved shear stress plane (MRSSP) under certain loading conditions, which can be non-crystallographic101,104. {112} and {123} slip planes can be derived from alternating {110} slip planes105. Thus, the mesocopically straight slip traces under EBSD (even the microscopically straight planar slip bands under TEM) were actually the averaged, crystallographic slip planes103,104. It is now explainable that high proportions of {112} and {123} slips occurred at RT in a poorly-activated 0C alloy without macroscopic yielding (Extended Data Fig. 2f) because they are not necessarily genuine. It is also explainable that mesoscopically wavy slip traces (Extended Data Fig. 2m) are either a manifestation of pencil glide and cross-slips at a larger scale106 and/or lattice rotation, and the unidentifiable traces (G3 and G5 in Extended Data Fig. 2f) belong to higher-order averaged slip planes (e.g., {134}) or completely non-crystallographic ones104. Compared to pure BCC metals or dilute alloys, RCCAs are especially prone to undergo frequent (sub-)nanometer cross-slips and exhibit mesoscopically straight slip traces due to local chemical complexity106,107, as proved by the dominant straight traces of the grains (Extended Data Fig. 2f).
However, the mesoscopic slip planes still have large deviations from MRSSP. The maximum Schmid factor (SF) for {110} slip of G1 was lower than {112} or {123} slip (Extended Data Figs. 2g-j), but G1 was experimentally observed to be rich in {110} slip (Extended Data Fig. 2f). Similar phenomenon applied to G4, G6 and G9 (Extended Data Figs. 2f-j). A large proportion of the activated slip systems of all the selected grains were not the slip system with maximum SF within all potential {110}, {112} and {123} slip systems, even not the maximum within the same slip plane family (Table S3), which is commonly seen in the deformation of other BCC metals and RCCAs89,108. This non-Schmid behavior further influences slip transfer across GBs. The geometrical compatibility factor m’109 calculated based on activation of slip systems with maximum SF was very low for the GB between G8 and G9 (Extended Data Fig. 2l). However, transferred slips was observed in G9 from GB into the interior (Extended Data Fig. 2f), which is especially abnormal after taking into account the incipient plasticity. Twinning-antitwinning (T/AT) asymmetry between the positive and negative <111> shear directions on {112}BCC23, as well as the non-glide stress components110 applied perpendicular to {110}, {112}, {123} and all other slip planes on the non-planar BCC screw dislocation cores, lead to variations in local stress tensors and Peierls barriers23, and/or deviated dislocation trajectories111, ultimately causing non-Schmid deformation behaviors. Apart from the above factors, Schmid law can also be violated by polycrystallinity itself due to compatibility issues103,108, or by the competition from slip systems beneficial for GB slip transfer106. In addition, coarser grains usually possess more different microscopic stress states from the global state than finer grains, and activate slip systems with extremely-low SFs112, which is consistent with G1 (Table S3). It is known that pencil glide lowers the M value of untextured BCC polycrystals from 2.754 to 2.733 (more compatible)100, whereas non-Schmid deformation in some cases can promote crack tip shielding113, but 0C alloy still fractured at a rather premature stage. Therefore, the RCCA designed to be intrinsically ductile was severely hindered by its dominant extrinsic GB brittleness, which is the sole origin of the brittleness.


Supplementary Note 4 | Morphology and growth mechanisms of GB HfO2
In the main text, the dense layer covering the intergranular fracture surfaces in 0C alloy is determined to be m-HfO2 in dendritic morphology caused by specific growth conditions. However, rigorous demonstration is needed. 
Firstly, these dense dendrites are not from the alloy matrix, because the tensile samples were sectioned from the mid-height of the ingot where grains had been fully in-situ homogenized without dendritic structure/segregation (Supplementary Fig. 2c). Another proof is that on the fractured surface of another tensile sample which had partial regions of casting shrinkages, similar “dendritic structures” appeared inside the bridged positions (last solidified positions) of premature, exposed, spherical alloy dendrites (Supplementary Figs. 5b, c), which indicates that these two “dendrites” are not the same thing and are at different dimensional scales. Under SEM-EDS, the “effective” (unspalled) parts of these dendrites are observed to be rich in Hf and O, relatively depleted of Nb, Ta, W (white lines in Figs. 2d, h), and is consistent with the  more spatially resolved TEM-EDS (Extended Data Figs. 3b, h). The semi-quantitative composition (Supplementary Table 4) points to a conclusion that these are HfO2 dendrites in themselves, exceeding the detection limit of XRD (Supplementary Fig. 1).
Secondly, the formation and growth of the GB HfO2 in this study is unique, for the first time in RCCAs the dendritic morphology of HfO2 is reported and is caused by solute supersaturation. In other studies containing melt-based preparation instead of HfO2/ZrO2 precipitation during solid-state heat/thermomechanical treatments, HfO2/ZrO2 formed as the primary phase from the liquids in electron beam welding (EBW) of C-103 alloy72,114 or electron beam melting (EBM) of Cb-752 alloy71, whereas in other cases ZrO2 was precipitated from the fully solidified BCC matrix in Nb521 alloy115. The former is because the liquidus temperature of the base BCC phase is too low in niobium alloys, whereas the latter is due to the rapid solidification in additive manufacturing (AM). In 0C alloy, however, HfO2 was most likely to precipitate from the remaining liquids at the final stage of solidification, which also rendered its dendritic nature. Integrating the experimentally measured O content 99 wppm (0.09 at.%) of 0C alloy, Extended Data Fig. 4a shows a sudden occurrence of high temperature t-HfO2 from the last liquids in equilibrium cooling. Although the volume fraction of BCC phase also increased upon the emergence of t-HfO2 (Extended Data Fig. 4a), eutectic reaction can be excluded by the experimental morphologies (Fig. 2). Only minor Hf was in BCC phase during early stages of solidification (Extended Data Fig. 4c), which is more evident in actual non-equilibrium cooling, causing Hf segregation in the interdendritics and GB regions where the residual liquids retained (Supplementary Fig. 2c21). The oxygen in the completely solidified BCC phase only accounted for ~20% of total oxygen content (Extended Data Fig. 4c), implying ~80% O in the retained liquids at the final stage of solidification. This can be further attributed to the extremely low solubility of O in high temperature BCC phase (Extended Data Figs. 4d-f), which is a common phenomenon in high-hafnium (Nb/Ta)-Hf systems65. This co-segregation of Hf and O at GBs and interdendritic regions, and ultra-high level of O supersaturation (~30 at.% in Extended Data Figs. 4d, e, even higher for non-equilibrium conditions) favoured direct precipitation of HfO2 from the liquids instead of coordinated eutectic growth. The driving force for precipitation was further boosted due to the supersaturation, leading to “kinematic roughening”116 of the interface between the growing HfO2 and the liquids. Thus, rough interfaces by continuous adhesive growth were formed, instead of crystallographically faceted interfaces by spiral growth or 2D-nucleation growth116,117, the latter of which being common for oxides and other ionic compounds (with Jackson’s factor α > 2) if not concerning the driving force. After adopting rough interface for growth, dendritic morphology is not uncommon for solidified oxides118-120, depending on local thermal gradients during cooling. Indeed, in the shrinkage region, HfO2 adhering to the outer surface of the exposed alloy dendrites exhibited faceted morphology (Supplementary Figs. 5f-l), where the chemical supersaturation had not been significant, due to the absence of spatial confinement in the surrounding liquid or sufficient solute rejection from ripe alloy dendrites. In contrast, HfO2 inside the bridged positions (last solidified areas) of the alloy dendrites exhibited dendritic morphology (Supplementary Figs. 5c, f).
Thirdly, the formation of the dendritic morphology of HfO2 is only attributed to the above liquid-phase-precipitation growth factor, not to other potential reasons. Solid-state GB precipitation still has some possibility to be dendritic morphology121,122, but severe supersaturation would lead the onset of the HfO2 precipitation process ahead of the completion of BCC solidification. On the other hand, some HfO2 dendrites possess clear structures of primary, secondary (and tertiary) dendrite arms (Figs. 2e-h) and in some cases are regularly aligned, with symmetry of near-90° or specific angles (Figs. 2e, g and Supplementary Fig. 5e). Although processes such as tetragonal to monoclinic (t→m) martensitic transformation of t-HfO2123 and ferroelastic domain switching of stabilized t’-HfO2124 would also generate a near-90° (or specific angle) dendritic/herringbone structure, but the studied GB HfO2 exhibited such morphology due not to these factors. In these two processes, the matter in the interstices of the herringbone/dendrites is also HfO2123,124, whereas here it is BCC. The occurrence of BCC can be inferred from the discontinuity of HfO2 (Extended Data Figs. 3a, b), and from its deformability to form tear ridges (Fig. 2i) which is not possible for oxides.
Fourth, the over-proliferation of GB HfO2, mentioned in the main text acting as an aggravating factor to the microscopic plastic deformation localization in the tiny interconnecting BCC channels and interfacial cracking of BCC-HfO2, needs to be analyzed because the total oxygen content is only 99 wppm (around the critical value between commercial purity and high purity). In literature, this is attributed to the coexistence of Hf and W. Observable GB oxides were neither found in annealed Ta-10W nor Ta-2Hf alloy, but were found in Ta-8W-xHf and Ta-4W-xHf (x ≤ 2) ternary alloys, with larger oxide volume fraction and higher brittle fracture propensity as x increases125. This was said to be attributed to the segregation of W towards dendritic arms (as also the case in this study, Supplementary Fig. 2c21) that further promoted Hf’s tendency to segregate towards the last-solidified regions to generate riper oxides. And it was also attributed to the lattice contraction upon adding small sized W atoms to the solid solution, causing the larger Hf atoms to segregate to misfit (dislocations) or GBs125.


Supplementary Note 5 | Crystallography and phase transformation of GB HfO2
The precipitated t-HfO2 dendrites fully transformed to stable m-HfO2 at ~1900 ℃ (Extended Data Fig. 4a), without any residual t-HfO2 as demonstrated by nano-beam diffraction (NBD) (Extended Data Figs. 3c, i) and EBSD indexing (Figs. 3a, a1). The completeness of the transformation is possibly due to the absence of nanocrystallinity126 or high compressive stress127 from the relaxable BCC phase at high temperaturess to stabilize the tetragonal phase. The t→m transformation in this study follows typical martensitic characteristics, as evidenced by the regularly alternating monoclinic variants128 (Fig. 3d, Supplementary Fig. 6c and Supplementary Fig. 7c) with specific misorientations notably frequent in 90° and 180° (Figs. 3a, a2, d). During t→m martensitic transformation, the monoclinic daughter grains can align either of their three axes (am, bm and cm) to the unique ct axis of the tetragonal parent grain, forming A, B and C types of correspondence, respectively128. Within each correspondence, the other two monoclinic axes have the freedom to align with the two equivalent tetragonal axes (at and bt), leading to a 90° variant relationship inherited from the symmetry of the parent phase129. On the other hand, due to the monoclinic distortion (βm = 99.18° for m-HfO2), there is not even 2-fold symmetry except along bm axis128. Hence, monoclinic daughter grains with bm aligned to one of at and bt (e.g., bm // at), and another axis (e.g., am) aligned with the other equivalent tetragonal axis (am // bt), marked as BAC variant in the Hayakawa notation130, is distinct from C variant, and has a misorientation angle of 180° along ct. The 90° variants are crystallographically coincident to be regarded as twins reflecting about {110}m or {011}m, whereas the 180° variants are twins about {100}m or {001}m (namely, ±(100)m and ±(001)m)128. This is verified by clear twin diffraction spots (Extended Data Fig. 3k) and mirror-reflected lattices with naturally faulted layers across the twinning plane ±(100)m (Extended Data Fig. 3l). Different Kikuchi patterns (KPs) of the m-HfO2 grains (Extended Data Fig. 3j) reveal profuse variant distribution. The sizes of most variants (tens of nanometers, Extended Data Fig. 3j) are also consistent with the traces observed on fractography (Fig. 2i). Therefore, the frequent occurrence of these twinned variants implies that the experimentally indexed m-HfO2 underwent t→m martensitic transformation instead of direct precipitation. However, directly precipitated m-HfO2 can also have 90° and 180° growth twins131 by inheriting the orthorhombic symmetry of BCC phase. Fortunately, this can be excluded by CALPHAD (Extended Data Fig. 4a), as well as the following analysis: Shear-generated variants with these two misorientations (especially 180°) can cancel off a great extent of the strain generated during the volume expansion of t→m transformation128, whereas in a nucleation-precipitation process this is impossible, thus happens far less frequent, if any.
To gain further insight into the evolution of HfO2, orientation relationships (ORs) between t-HfO2 – BCC and m-HfO2 – BCC are essential, which serves as one of the foundations for the oxide embrittlement mechanisms in the next chapter. However, the analysis of t-BCC and m-BCC ORs are complicated by the multiple t-m ORs, as evidenced by the following. Statistics of m-HfO2 GB angles (Fig. 3a2 and Supplementary Fig. 9) show frequent occurrence of 80°, 90°, 115~120°, and 180°, which is exactly the angles of the “operators” among monoclinic variants after martensitic transformation129,132. This not only proved the reliability of the EBSD data at such confined scales, but also demonstrated that the monoclinic variants adopted multiple correspondences and orientation relationships (ORs) with the parent tetragonal grains, because 120° only occurs between variants with different correspondences129, and 80°, 115° only between different ORs132. Due to βm ≠ 90° and the impossibility to simultaneously align all three monoclinic axes with the tetragonal ones, a (βm − 90)° (~10°) distortion angle between either (100)m or (001)m and {100}t/(001)t can occur depending on type-I or type-II OR, leading to all six ORs of A1, A2, B1, B2, C1 and C2, with a total of 24 variants128,129 and generating those operators apart from 90°/180°. Under multi-OR conditions, parent grain reconstruction, which can reveal the t-BCC ORs, is impossible in this study, due to the chain-like (2D cross-section) GB m-HfO2 having a lack of sufficient contiguity among the variants to be utilized in the reconstruction algorithms132,133.
Nevertheless, both t-BCC and m-BCC ORs can be directly indicated from the m-BCC pole figures (PFs). As evidenced in Figs. 3e-g, Supplementary Figs. 6d-f and Supplementary Figs. 7d-f, a (near-)coincidence of either {001}m, {010}m or {100}m poles with {011}BCC poles from the BCC grain on one side of the GB is present, after statistically analyzing three different GB triple junctions and allowing ~15° orientation deviation. Within the pole figures containing coincidence, for any pair of monoclinic planes and directions with the same Miller index, one of them would occur closer to the corresponding BCC pole (0~15°), and in many cases the other would occur with higher orientation deviations (10~20°). For example, the light blue <001>m poles are closer to one <011>BCC pole, but it is more distant for {001}m-{011}BCC (Fig. 3f). Inversely, the green {001}m poles are closer to one {011}BCC pole, but it is more distant for <001>m-<011>BCC (Fig. 3g). This is due to the ~10° distortion upon the inheriting of monoclinic axes/planes from the tetragonal ones129 (Fig. 3i), the latter of which possessing real ORs with BCC during the final stage of solidification. Furthermore, it is normal for some degrees of deviation from the ideal t-BCC OR to be present, accounting for larger deviations between m-HfO2 and BCC. The above is consistent with the TEM observations: Simultaneous perfect parallels of zone axes and planes between m-HfO2 and BCC were scarce, e.g., a [110]BCC // [100]m (Extended Data Figs. 3a, c) would lead to some small angles between (10)BCC - (001)m, and (001)BCC - (010)m (Extended Data Figs. 3e, f). Although the deviation angle illustrated in IFFT appears significantly reduced due to the algorithmic nature of this all-area IFFT imposed on these two inclined crystals (Extended Data Figs. 3e, f), the true deviation angle shown in FFT is measured to be 11° (Inset of Extended Data Fig. 3f), which is highly consistent with the theory. Interfacial periodic misfit dislocations were generated (Extended Data Figs. 3e) to accommodate this semi-coherent interface which is geometrically ledged, crystallographically inclined, and atomically misfitting (Extended Data Figs. 3d, d(001)m = 0.262 nm, d(10)BCC = 0.236 nm, misfit δ = 11.02%).
If taking the Bain OR between tetragonal HfO2/ZrO2 and BCC, {011}BCC // {100}t, <001>BCC // <001>t134 (Supplementary Table 5), all the (near-)coincidence observed in the BCC-m pole figures can be explained at once. This OR was possibly necessitated by minimum interfacial misfit and best wettability for heterogeneous nucleation sites from the liquids, and is visualized in Fig. 3i. Then, the {001}m/{010}m/{100}m ≈// {011}BCC (≈// for near-parallel) was the direct consequence of monoclinic planes freely inheriting any of the corresponding tetragonal planes with or without ~10° distortion (Figs. 3e-g, Supplementary Figs. 6d-f, Supplementary Figs. 7d-f). <001>m/<010>m/<100>m ≈// <001>BCC is another consequence, but less frequent, because only those inherited ct (correspondence C) are compatible (Fig. 3h, Supplementary Figs. 9a-c, Supplementary Figs. 6g-i and Supplementary Figs. 7g-i). These two basic BCC-m ORs are also consistent with [115]. Then, {011}m/{101}m/{110}m ≈// {001}BCC, as well as {011}m/{101}m/{110}m ≈// {111}BCC (Supplementary Figs. 9g-l, Supplementary Figs. 6m-r and Supplementary Figs. 7m-r), originate from crystal symmetry and can be derived from the basic ORs, with the former applicable to partial variants underwent {011}m/{101}m/{110}m ≈// {110}t, and the latter to partial variants underwent {011}m/{101}m/{110}m ≈// {101}t. Indeed, if constricting to the basic ORs with a tolerance angle of 15°, the majority of the monoclinic grains can have a delineated phase boundary with one BCC grain on either side of the GB (Supplementary Fig. 10). The analysis for the m-BCC pole correspondences and ORs are reliable for the following reasons: (1) Pseudo-coincidence between m-HfO2 grains and BCC grains without geometrical adjacency was excluded, such as the near-coincidence between one G3-{110}BCC pole and the green monoclinic poles at the right of the pole figure (Fig. 3e). The red circles in it only represent the coincidence between the deep purple monoclinic variants and G3 which are abutting. (2) The pole figures having hardly any coincidence, such as {001}m/{010}m/{100}m superimposed by {111}BCC, are the same for all three triple junctions (Supplementary Figs. 9d-f, Supplementary Figs. 6j-l and Supplementary Figs. 7j-l), whereas the pole figures having other prolific coincidence are also the same for all three triple junctions, such as {011}m/{101}m/{110}m superimposed by {111}BCC (Supplementary Figs. 9j-l, Supplementary Figs. 6p-r and Supplementary Figs. 7p-r). The validity of the previous analyses can be further manifested in that the dark purple and light purple monoclinic grains only have ORs with G3, and the rest only have ORs with G1 (Supplementary Fig. 10), which is consistent with Figs. 3e-h and Fig. S10. To conclude, the high temperature t-HfO2 precipitated from the remaining liquids adopting Bain OR, and after t→m martensitic transformation, m-HfO2 exhibited ORs with BCC as {001}m/{010}m/{100}m ≈// {011}BCC, <001>m/<010>m/<100>m ≈// <001>BCC (Fig. 3k), which provides the basis for further analysis of the degradation of interfacial bonding between BCC matrix and the oxides, and the embrittlement mechanisms, in the main text.


Supplementary Note 6 | Macroscopic deoxidation
Quantitative measurement of averaged oxygen and carbon content of 0C, 0.2C, 0.4C, 0.6C, 0.8C and 1C alloys were shown in Extended Data Figs. 5b, c. For C addition ≤ 0.4 at.%, the O content is even higher than 0C alloy, which can be explained by the high oxygen content inherently present in the commercial TaC pellets135 as feedstock for arc melting. For C addition ≥ 0.6 at.%, the O content drastically decreases, which corresponds well with the gained tensile ductility at RT (Fig. 1a). Unlike electron beam melting (EBM) or consumable vacuum arc remelting (VAR) with an ultra-high vacuum of 10-4~10-6 Pa136 and a continuously operating vacuum pump, where oxygen impurities tend to be removed by degassing process from the metal molten pool under low O2 partial pressures1,137, the laboratory-scale non-consumable electrode arc melting (PAM) used in this study has lower levels of vacuum (2~3×10-3 Pa) and is backfilled with Ar, so that O2 partial pressures are high and the degassing process is thermodynamically difficult to happen1. Furthermore, with high Hf content in the RCCA composition, the majority of the potentially generated oxides are HfO2 due to highest affinity of Hf with O5, which does not have any volatile suboxides138 and is non-volatile in itself (boiling point 5400 ℃), excluding the sacrificial deoxidation mechanism138. Nevertheless, temperatures in the molten pool under the tungsten arc can be as high as 3500~4000 ℃, melting the feedstocks including TaC and forming a reducing environment rich in dissolved active [C]inmelt. The reaction between [C]inmelt and dissolved active [O]inmelt has a thermodynamic equation of [O]inmelt + [C]inmelt = CO(g)↑, with ΔGθ = − 43.95T − 66109 J/mol137, which is increasingly favourable at higher temperatures. CO(g) is inert to, and insoluble in high temperature metallic species and would be degassed, therefore reducing the total oxygen content139. Despite the lack of database for [O]inmelt, calculated free energy curves of oxygen combined with Hf and C (for same oxygen molar content) via HSC Chemistry software is still meaningful for mutual comparison using O2(g) as reactant (Extended Data Fig. 5a). It is revealed that at temperatures ≥ 2500 ℃, the propensity of oxygen to be combined by carbon exceeds that of by Hf (Extended Data Fig. 5a), let along other metallic elements. However, this reaction is effective only when [C]inmelt is abundant137, which accounts for the inability of 0.2C and 0.4C alloy to decrease the total oxygen content. This is also consistent with the trend that the actual C content for the alloys in the range of 0.4C~0.6C increased more slowly than nominal (Extended Data Fig. 5b) due to the consuming of carbon to realize deoxidation. Even if metal oxides had already formed, excess [C]inmelt can still reduce them into carbides or pure metals via carbothermic reduction140,141, which also has negative ΔG and is thus spontaneous at high temperatures (green line in Extended Data Fig. 5a), as long as the process is still in liquid phase.


Supplementary Note 7 | Microscopic scavenging of oxygen
In the main text, the complete elimination of GB HfO2 oxides and replacement by GB FCC-MC carbides are said to be observed at both high and (quasi-)low grain boundaries. The supporting details are as follows. When the BCC grain on the upper side of a GB was exactly under [100] zone axis (Fig. 4d), the Kikuchi pattern (KP) of the BCC grain on the lower side was far from any <100> zone axes (Fig. 4d1); also, when the BCC grain on the lower side of another GB was exactly under [311] zone axis (Fig. 4k), the BCC grain on the upper side exhibited diffraction spots (in KP) with <311> characteristics but rotated to a different angle (within <311> family but a different specific axis) (Inset of Fig. 4g). These, together with the 40.4° and 56.7° GB misorientation angle observed by EBSD (Fig. 4b and Supplementary Fig. 14b), demonstrate that these are high angle grain boundaries (HAGBs). On the other hand, the quasi-low angle (15.03°) of another GB is determined by EBSD scanning of the TEM foil perforation in advance (Supplementary Fig. 11a).
For the mechanism of oxygen scavenging by FCC-MC, actually, this is only possible if FCC-MC precipitated in the liquids ahead of potential oxides, and has been proved by CALPHAD results. For equilibrium thermodynamics, although FCC-MC (e.g., HfC) had even higher melting point than HfO2 (3900 ℃ vs 2758 ℃), it was formed at lower temperatures than HfO2 and only in solid-state precipitation (Extended Data Fig. 4b), which is attributed to the far higher solubility of C in the liquids than O (Extended Data Fig. 4d) to temporarily prevent liquid phase carbide precipitation. However, for the actual non-equilibrium continuous cooling during casting, more severe segregation would retain higher concentrations of Hf and C in the remaining liquids, ultimately exceeding the solubility. Due to the lack of Scheil + back diffusion model in CALPHAD, a calculation based solely on Scheil model gave erroneous results with the emergence of hexagonal close-packed (HCP) phase and no oxides for both 0C and 0.8C alloys (Supplementary Figs. 13a, b). Nevertheless, the results do indicate that a part of FCC-MC first precipitated from the liquids (Supplementary Fig. 13b), and it was not eutectics due to the morphology shown in Supplementary Figs. 12a-f. This offers great chances for oxygen scavenging, otherwise after the formation of HfO2, it was difficult to “re-scavenge” the oxygen in solid state, even for the minor carbothermic reduction, due to the lack of active [C]inmelt. The O-rich HCP phase (Supplementary Fig. 13c) is α-Hf in the model, but it should be HfO2 after modified by the experimental findings. Despite the affinity of Hf (and all refractory elements) with C being lower than that with O over a wide temperature range5 (Extended Data Fig. 5a), the precipitation of HfO2 was inversely later than FCC-MC (Supplementary Fig. 13b) due to the abundance of C addition and thus higher chemical potential for MC formation. If considering the further decrease in Gibbs energy after O dissolution into FCC-MC142, HfO2 formation would be further suppressed. After the continuous consumption of remaining O in the liquids, HfO2 ultimately tended to not precipitate at all, due to the O concentration reaching below the allowed solubility in the matrix (still of some value even in high-Hf BCC)65.


Supplementary Note 8 | Determination of active slip systems and slip transfer
In Fig.5, Deformation behaviors of 0.8C alloy in RT tension were studied after straining to 8% instead of incipient plasticity, as the high-density SGBs and other microstructural features would interfere with the observation of slip traces143, unlike 0C alloy (Extended Data Fig. 2 and Supplementary Note 3). The indexing of experimentally observed slip traces was done by a combination of intragranular misorientation axis (IGMA) analysis89 and minimum angular deviation matching between the experimental trace and all the possible theoretical traces of all the slip systems. For example, the activation of (2)[11] slip in G12 (Fig. 5n1) was first identified by angular comparison between the observed trace and all the possible traces for {110}<111>, {112}<111> and {123}<111> slips of G12 (Supplementary Fig. 15b). In the {011}, {112} and {541} pole figures of G12, the rotation focus can be found at (514) pole (circled in red) with near-invariant orientations across all grain regions (Supplementary Figs. 15e, f), demonstrating the dominance of intragranular rotation about [514] Taylor axis, which corresponds to one activated {123} slip system according to IGMA. Specifically, the cross product of the normal vector of the slip plane [2] and the Burger vector [11] yields a rotation Taylor axis of [], which is just consistent with the IGMA result. This verified the previously identified slip system. On the other hand, the focus poles in {011} and {112} pole figures (circled in blue) still had some degrees of rotation in themselves (Supplementary Figs. 15c, d), indicating the existence of some more dominant activated slip(s) other than {112} or {110} systems.
For the slip transfer across grains, various geometrical compatibility factors could be used to characterize its easiness, such as
N factor144
N = cos(ψ) ∙ cos(κ) + cos(γ) ∙ cos(δ) = () () + () ()
where ψ is the angle between slip plane normal directions of the two grains (and ), κ is the angle between slip directions (and ), γ is the angle between the direction of incoming slip and the plane normal of outgoing slip, and δ is the angle between the direction of outgoing slip and the plane normal of incoming slip.
LRB factor145,146
LRB = cos(θ) ∙ cos(κ) = () ()
where θ is the angle between the two slip plane intersections with the GB ( and ).
m’ factor109
m’ = cos(ψ) ∙ cos(κ) = () ()
Among these, m’ was adopted for its good reliability without the need to assess slip plane intersections with GBs via 3D-EBSD108, and the applicability to RCCAs109,147. Similar to 0C alloy, 0.8C alloy also exhibited non-Schmid deformation behaviors. For example, G9 had high {110} slip preference (Figs. 5e-h), whereas it activated {123} slip (Fig. 5l1). This is further shown in Supplementary Table 7. Therefore, considering the inaccuracy of slip transfer calculated from maximun-SF slip systems (Extended Data Fig. 2l), real identified activated slip systems were set as inputs for the STABiX toolbox148.
It is worth noting that compared to 0C alloy (Extended Data Fig. 2), 0.8C alloy exhibited reduced {112}<111> slip tendency (Fig. 5). This may be attributed to the altered dislocation core structures and thus changed Peierls barriers on different slip planes caused by the core-decoration effect of unprecipitated carbon interstitials149-151, or may be attributed to the increased generalized stacking fault energy (GSFE) of a 1/2<111> vector on {112} planes caused by compositional changes including interstitials and/or depletion of Hf in BCC solid solution89,90. But this is beyond the main scope of this study.


Supplementary Note 9 | Potential intrinsic deformability of FCC-MC
In the main text, although a microscopic TEM study of the deformed 0.8C sample is absent, solid evidence in EBSD is that upon slip transfer across a GB with low m’ value and a chain of acicular FCC-MC carbides, no detrimental cracks were observed at this GB whereas densely paralleled slip traces were successfully transferred even at positions overlapping with individual FCC-MC carbides on the sample surface (Fig. 5k2). This points to the potential deformability of FCC-MC to transfer the deformation, which can be an intrinsic ability of this phase as long as its chemistry lies in certain compositional ranges.
Firstly, FCC-MC carbides have a NaCl-type B1 lattice structure that inherently has a ratio of a/b ≥ 0.5, indicating low Peierls barrier and good deformability152 (b is the magnitude of the Burgers vector, a is the lattice spacing of the slip plane). This resembles metallic behavior and is in sharp contrast with low-symmetric, nearly undeformable m-HfO2. Furthermore, in addition to the relatively stiff C-C and M-C bonds153, high proportions of M-M metallic bonds in FCC-MC carbides have non-directional nature and are rich in free electrons, thus can relax/accommodate the strain caused by dislocations154. The metallic bond fraction would not decrease even for FCC-MC with partial dissolution of O, or oxycarbides, as O only substitute for the C sublattice155,156.
Secondly, semi-quantitative TEM-EDS result of the GB FCC-MC gave an averaged composition of (Hf32.37Ta22.3Nb9.34W1.58)(C23.81O10.6) (Supplementary Table 6), which can be simplified into MCy (y ≈ 0.52), where M stands for all metallic species and C stands for carbon and other substitutive non-metallic elements on carbon sublattice. Although 0.52 << 1, this is a common phenomenon in transition metal carbides (TMCs) due to the propensity of metallic elements to occupy the C vacancies generated at high temperatures157 during precipitation. The structural stability of FCC-MC can be maintained as long as y ≥ 0.47~0.54158,159. This off-stoichiometry effect in turn increases the proportion of M-M metallic bonds and decreases the elastic modulus and yield strength of FCC-MC153, making it more compatible to deform with the alloy matrix. Alongside this, the salient Ta, Nb and W dissolution into FCC-MC (Supplementary Table 6) can potentially render it better deformability than pure HfC by decreasing the generalized stacking fault energy160, increasing the valence electron concentration (VEC)161,162 and promoting the {111}B1 slip163. According to the FCC-MC composition in Supplementary Table 6, its VEC is calculated to be 9.11, which falls in the relatively tough/deformable VEC range161.
With this intrinsic deformability, the actual deformation mode of this type of multicomponent FCC-MC carbide can be dislocation glide164 and/or faulting76.


Supplementary Note 10 | Evolution and crystallography of FCC-MC
Three important conclusions, (1) good coherency and registry of the intragranular BCC-MC interface under certain ORs, (2) lack of in-depth study of the BCC-MC ORs in the refractory community, and (3) refinement of MC at SGBs, can be found in this note, among which (1) and (3) are directly referenced in the main text as foundations for further analysis.
One GB FCC-MC had an orientation relationship (OR) with a BCC grain on one side of the GB as (01)BCC ≈// (11)FCC, [100]BCC ≈// [110]FCC (Figs. 4d, f). This seemed to roughly conform to Nishiyama-Wassermann (N-W) OR, {110}BCC // {111}FCC, <100>BCC // <110>FCC, which was originally defined to describe <110>BCC // <112>FCC165 but can be scrutinized using the crystallographically equivalent <100>BCC // <110>FCC166. The Kurdjumov-Sachs (K-S) OR, {110}BCC // {111}FCC, <111>BCC // <110>FCC167, specifies the same parallelism conditions between the two densely-packed planes of BCC and FCC as N-W OR, but has a slight deviation of ±5.26° (two variants) from each N-W variant when it comes to the parallelism conditions of crystal directions166,168. The diffraction spots in Fig. 4d are asymmetric with respect to the central transmitted spot, which was caused by [100]BCC and [110]FCC zone axes having a small deviation angle. Therefore, this GB FCC-MC might actually have K-S OR with the BCC grain on the upper side, but this remains speculative because zone axes of <111>BCC or <110>FCC could not be tilted to the beam direction for scrutiny. The phenomenon that {110}BCC and {111}FCC being strictly parallel in some cases (Fig. 4k) and not strictly parallel in other cases (~4°, Figs. 4d, f) is commonly seen in both shear-related BCC-FCC systems169 and precipitation-related ones (like in this study)170. This can be attributed to an energy compromise with other GB FCC-MC variants, and/or an inclined interface for enhanced growth kinetics170. However, another equally possible reason might be that the GB FCC-MC in Figs. 4d, f did not follow K-S OR, but instead followed an OR which does not specify parallelism conditions between {110}BCC and {111}FCC and also has a small deviation angle from K-S OR, such as the Pitsch OR, {110}BCC // {100}FCC, <111>BCC // <110>FCC171. Likewise, the poles of EBSD-detectable intragranular FCC-MC and the corresponding BCC matrix exhibited some degrees of deviations from the ideal positions of K-S and/or N-W OR (Supplementary Figs. 14d-i). The orange and yellow FCC-MC variants in Supplementary Figs. 14a, b had ≥ 3 growth orientations according to morphology, and are mutually rotated within a small angle of ≤ 12° (Supplementary Figs. 14d-f), which corresponds well to the orientational distribution of the 24 K-S variants (Inset of Supplementary Fig. 14a) regarding to both the misorientation (can be an ideal value of 10.53° for crystallographically neighboring variants172) and the pole shape (symmetrically rotating around a reserved center for the ideal Bain OR). Therefore, these orange and yellow neighboring variants can be classified into variants group 1173 and they have distinct misorientations (60 ± 6°) with the blue intragranular variants belonging to variants group 2, to which the GB FCC-MC also belongs (Supplementary Figs. 14d-f). However, these FCC-MC variants might as well followed other ORs other than the K-S OR during precipitation, because if also concerning N-W and Pitsch ORs, the ideal distribution of the poles of the variants would be even more concentrated around the Bain centers and is thus more flexible to account for variants with small mutual misorientations168. 
All the above observations demonstrate the complexity and uncertainty of the crystallographic relations between FCC-MC and BCC matrix. This was already realized in MC precipitation-strengthened ferritic steels174,175, but seldom in the refractory community, where FCC-MC carbides grow from/with the refractory BCC matrix in precipitation or eutectic processes. Pole figures containing (near-)coincident poles (Supplementary Figs. 14d-i)80-83 or SAED/FFT patterns containg near-paralleled diffraction spots74-79,176 would easily lead to conclusions of (near-)K-S or (near-)N-W ORs.
In this study, two intragranular FCC-MC variants were firstly observed to be under strictly paralleled zone axes of [111]BCC // [101]FCCv1 // [110]FCCv2 (Extended Data Fig. 7d). Then, it was found that variant 1 had two diffraction spots with some degrees of deviations from the neighboring BCC spots, and another diffraction spot at the identical position (< 2°) with the corresponding BCC spot (Extended Data Fig. 7c); whereas variant 2 had two diffraction spots slightly deviating from the neighboring BCC spots but along different directions from variant 1, and another diffraction spot that strictly overlapped with a BCC spot, but a different one from variant 1 (Extended Data Fig. 7c). The FCC-MC spots which always deviated from BCC densely-packed plane {110}BCC spots were revealed to be {111}FCC densely-packed plane spots, while spots overlapping with {110}BCC were {100}FCC, as (01)BCC // (020)FCCv1 and (10)BCC // (002)FCCv2 (Extended Data Fig. 7d). Therefore, these two FCC-MC variants actually followed the Pitsch ORs with the BCC matrix, and it was consistent with the simulated diffraction pattern (Extended Data Fig. 7e1). The interplanar spacings of the BCC and MC planes with ORs had such close values that the actual contacting interfaces were coherent ones without any interfacial misfit dislocations within 50 atomic planes (Extended Data Figs. 7e2, e3), indicating a small lattice misfit ≤ 2% with elastic coherent strain fields (Extended Data Fig. 7e4).
During the ending stage of non-equilibrium solidification, FCC-MC precipitated from the solute-saturated BCC regions (Supplementary Fig. 13b) such as GBs and interdendritic regions (Supplementary Figs. 12a-c, j-l). During the subsequent in-situ homogenization, FCC-MC increased in volume fraction (Extended Data Fig. 4b) and simultaneously altered in distribution and morphology (Supplementary Figs. 12a-i). Columnar dendrites gradually turned spherical (Supplementary Figs. 12a, d) as the diffusion of atoms and migration of microstructures towards lower-energy configurations proceeded, but with some long, continuous FCC-MC preserved from Supplementary Fig. 12b to Supplementary Fig. 12e. The process finally transformed the dendritic arms into the interior of subgrains, and the interdendritic regions into the SGBs (Supplementary Figs. 12a-h). The SGBs inheriting the long, continuous FCC-MC would be consistent with Supplementary Fig. 2c31 in SEM and Extended Data Fig. 7g in TEM, while the SGBs without the long, continuous FCC-MC would be consistent with Supplementary Fig. 12i in SEM and Extended Data Figs. 7h, i in TEM. During in-situ homogenization, FCC-MC did not have significant changes in width (50~100 nm) but had obvious reductions in length (Supplementary Figs. 12c, f, i), indicating the occurrence of a fragmentation mechanism which could be caused by thermal grooves177 or stresses from the incompatibility of thermal expansion/contraction rates between the matrix and FCC-MC178. However, upon the formation of SGBs, high-density dislocations were generated to accommodate for the trivial misorientations between two subgrains originating from two dendritic arms (Extended Data Fig. 7h). The elastic field around large Hf atoms in the RCCA matrix would then interact with the elastic field of dislocations and promote a stress induced diffusion of Hf atoms to the dislocations179 (EDS in Extended Data Fig. 7h). The unprecipitated residual C atoms in the matrix also preferred to segregate to dislocaions through a classical Cottrell mechanism to reduce the elastic energy of the dislocations180. Therefore, the co-segregation of Hf and C enhanced the driving force for new FCC-MC precipitation at SGB dislocaions, which is already an inherently favourable heterogeneous nucleation process to reduce energy. Owing to the high driving force, FCC-MC had high nucleation rates and thus fine sizes (~20 nm, Extended Data Fig. 7i) due to solute competition. The formation of the SGB networks decorated with refined FCC-MC carbides was revealed to be especially beneficial for further toughening of the ductilized 0.8C alloy, as demonstrated by EBSD study after deformation in the main text.


Supplementary Note 11 | Microcrack toughening
In Figs. 5p-r, at the late plastic stages of 0.8C alloy in RT tension, FCC-MC carbides at SGBs are believed to further delay the onset of fatal propagation of the main crack, achieving the good RT tensile elongation (13.3%) of this alloy.
Carcks/voids were observed at minor positions along GBs (Fig. 5p), which are almost inevitable for particle-filled GBs after high degrees of straining, no matter how compatible they are181. Despite this, high density microcracks at SGBs (Figs. 5p, q) might further boost the ductility of 0.8C alloy. The microcracks were generated by the breakage of FCC-MC at stress concentrated SGBs, or by interfacial decohesion between FCC-MC and the matrix (Fig. 5q) during loading. In unnotched tensile test for the ductile 0.8C RCCA, primary cracks may appear at the late plastic stages and took the form of shear ridge separation and micro-void coalescence182. Although this process have high strain energy release rates unlike in brittle materials, the in-situ formation (or controlled expansion) of microcrakcs ahead of the primary crack tips can still absorb energy that is sufficient to help suppress the propagation of the primary cracks183,184. Furthermore, during earlier plastic stages, the formation of microcracks released local stress concentrations185 around SGBs (Fig. 5o and the inset of Fig. 5c) and intragranular carbide clusters to prevent catastrophic cracking. The formed microcracks were then buffered by the surrounding ductile matrix186 through frequent slip activities and dislocation emission (Fig. 5q), thus continuously leveraging the formation of microcracks without growing into fatal cracks. Under a tilted SEM direction, wavy slip traces formed by pencil glide or cross-slips with intense slip localization (evidenced by the facet height88) also generated microcracks (Fig. 5r), releasing the stress concentrations and delaying the advent of cleaving.
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Supplementary Fig. 1 | XRD results of as-cast 0C and 0.8C RCCAs.

Notes: In b, the identical 2θ position of the {110}BCC peaks for 0C and 0.8C alloys might be attributed to a possible cancellation effect between the depletion of large-size Hf atoms in the BCC solid solution (due to carbide formation) and the increasing interstitial C concentration. However, this lies beyond the main scope of the present study.


[image: ]
Supplementary Fig. 2 | Distribution of different microstructures across the whole as-cast ingot of 0.8C RCCA. The description and interpretation of this figure can be found in Supplementary Note 2.


[image: ]
Supplementary Fig. 3 | Room temperature tensile fractography of: a, b, 0.2C alloy; c, d, 0.4C alloy; e, f, 0.6C alloy; g, h, 1C alloy.

Notes: 0.2C alloy fractured at an even lower macroscopic elastic strain than 0C alloy. This may be attributed to coarser grains of 0.2C alloy (in a), which had a lower total grain boundary area and thus higher oxygen concentration (riper oxide growth) at each local point68.


[image: ]
Supplementary Fig. 4 | Taylor factor distribution of the EBSD studied area of the room temperature tensile samples of: a, 0C alloy; b, 0.8C alloy. Corresponding to Extended Data Fig. 2 and Fig. 5, respectively.
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Supplementary Fig. 5 | Room temperature tensile fractography of another tensile sample of 0C alloy containing regions of casting shrinkage. a, Overall fracture morphology. b, The shrinkage region. c, Oxide dendrites inside the bridegd (thus fractured after tensile) positions of the premature, exposed, spherical alloy dendrites. d, A region of no shrinkage. e, Normal dendritic oxide morphology, as consistent with Fig. 2, and also partially spalled. This is to show the comparability of this tensile sample with Fig. 2. f, Comparison between dendritic oxides inside the mechanically bridegd positions of the exposed alloy dendrites, and faceted oxides outside of the exposed alloy dendrites. g-l, EDS mapping of the faceted particles, proving these are indeed HfO2.


[image: ]
Supplementary Fig. 6 | a, BC and EDS; b, phase; c, IPF-Y maps of another studied GB region in 0C alloy. d-x, All pole figures of m-HfO2 superimposed by BCC (both within maximum Miller index of 1). Colors of the HfO2 poles are taken from IPF-Y map. (Near) orientation relationships are marked in blue for G2-HfO2.


[image: ]
Supplementary Fig. 7 | a, BC and EDS; b, phase; c, IPF-Z maps (rotated 90° visually, not crystallographically) of a third studied GB region in 0C alloy. d-x, All pole figures of m-HfO2 superimposed by BCC (both within maximum Miller index of 1). Colors of the HfO2 poles are taken from IPF-Z map. (Near) orientation relationships are marked in blue for G2-HfO2, and marked in red for G1-HfO2.
[image: ]
Supplementary Fig. 8 | Distribution of grain boundary angles inside m-HfO2 phase regions. a, b, Maps corresponding with Supplementary Fig. 6 and Supplementary Fig. 7, respectively.
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Supplementary Fig. 9 | All other pole figures of BCC superimposing on m-HfO2 than the existing pole figures in Fig. 3 (but both within maximum Miller index of 1). Colors of the HfO2 poles are taken from the IPF-X map in Fig. 3c. (Near) orientation relationships are marked in blue for G1-HfO2, and marked in red for G3-HfO2.
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Supplementary Fig. 10 | Phase boundaries with specific orientation relationships delineated in black. Corresponding to the IPF-X map in Fig. 3c.


[image: ]
Supplementary Fig. 11 | FCC-MC carbide at a 15.03° grain boundary in as-cast 0.8C alloy. a, EBSD-IPF map of the region around the ion-milled perforation, and the misorientation profile of the studied GB. b, STEM-HAADF image and EDS mapping of the studied GB. c, HRTEM image of the GB FCC-MC carbide, corresponding FFT pattern and IFFT image. d, EDS line scanning as marked in b, with colors of each element line taken from the mapping in b.
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Supplementary Fig. 12 | Evolution of FCC-MC carbides in 0.8C alloy. a, Overall distribution of interdendritic MC in dendritic regions, corresponding to region 2 in Supplementary Fig. 2c. b, Magnified region in a. c, High-mag image showing the morphology of MC in a single interdendritic MC cluster. d, Overall distribution of interdendritic MC in solidified + partial annealed regions, corresponding to the transitional zone between region 2 and region 3 in Supplementary Fig. 2c. e, Magnified region in d. f, Magnified region in e showing the morphology of MC. g, Overall distribution of subgrain boundary (SGB) MC in solidified + completely annealed regions, corresponding to region 3 in Supplementary Fig. 2c. h, Magnified image showng the SGBs in a region to the left of g. i, High-mag image showing the morphology of MC at SGBs. j-l, Morphology of MC at GBs.
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Supplementary Fig. 13 | CALPHAD results of non-equilibrium cooling using Scheil solidification condition for 0C and 0.8C alloys. a, 0C alloy. b, 0.8C alloy. c, Oxygen concentration in each phase in 0.8C alloy. Measured oxygen contents (0.09 at.% for 0C alloy and 0.054 at.% for 0.8C alloy) were incorporated as inputs. These results are partially erroneous, but can nevertheless point to certain solid conclusions, as analyzed in Supplementary Note 7.


[image: ]
Supplementary Fig. 14 | EBSD study of another grain boundary region containg both GB FCC-MC and intragranular FCC-MC in 0.8C alloy. a, BC map; b, IPF map; c, corresponding elemental distributions (with white arrows pointing to Hf enrichment). The inset of a is a standard pole figure showing the {110} poles of the parent BCC phase (red) and the {111} poles of the 24 K-S variants (blue), generated via GenOVa software187. d-i, Pole figures of certain crystal plane/direction poles of the BCC grains and all the FCC-MC.
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Supplementary Fig. 15 | Identification of activated slip system of Grain 12 (G12) of 0.8C alloy in room temperature tension. Both angular matching of experimental trace and intragranular misorientation aixs (IGMA) analysis were utilized and mutually verified. Corresponding to Fig. 5m and Supplementary Note 8. a, Misorientation profile along a line drawn in the grain inset. b, All theoretical {123}<111> slip traces of G12 and the comparison with the experimental trace. c, {011}; d, {112}; e, {541} pole figures of G12. f, {541} pole figure containing specific Miller indexes generated by MTEX.


Supplementary Table 1 | Room temperature tensile properties of Nb-Ta-Hf-W-C RCCAs with different contents of carbon microalloyed.

	
	Yield strength
σs (MPa)
	Tensile strength
σb (MPa)
	Total elongation
εt (%)
	Uniform elongation
εu (%)

	0C
	/
	487.9
	0.33
	/

	0.2C
	/
	308.3
	0.11
	/

	0.4C
	/
	674.7
	0.41
	/

	0.6C
	653.3
	743.1
	12.7
	9.9

	0.8C
	682.2
	807.0
	13.3
	10.1

	1C
	602.7
	718.9
	11.4
	8.1





Supplementary Table 2 | Tensile yield strengths of various conventional refractory alloys at elevated temperatures188-192 for Fig. 1c.

	　
	wt%
	at%
	Temperature
(℃)
	Yield strength (MPa)

	Nb-1Zr
	Nb-1Zr
	Nb98.98Zr1.02
	1093.333333
	147.553

	
	
	
	1371.111111
	48.265

	
	
	
	1482.222222
	34.475

	
	
	
	1648.888889
	20.2713

	D14
	Nb-5Zr
	Nb94.91Zr5.09
	648.8888889
	386.12

	
	
	
	871.1111111
	372.33

	
	
	
	1093.333333
	193.06

	
	
	
	1315.555556
	89.635

	B-33
	Nb-5V
	Nb91.24V8.76
	1093.333333
	201.334

	
	
	
	1204.444444
	129.626

	
	
	
	1315.555556
	89.635

	
	
	
	1371.111111
	74.466

	
	
	
	1510
	57.2285

	
	
	
	1704.444444
	28.8211

	
	
	
	1871.111111
	16.548

	C-103
	Nb-10Hf-1Ti
	Nb92.57Hf5.41Ti2.02
	1093.333333
	126.868

	
	
	
	1371.111111
	71.0185

	
	
	
	1482.222222
	59.297

	
	
	
	1648.888889
	28.959

	Cb-291 
	Nb-10Ta-10W
	Nb88.71Ta5.69W5.6
	871.1111111
	241.325

	
	
	
	982.2222222
	206.85

	
	
	
	1093.333333
	165.48

	
	
	
	1204.444444
	137.9

	
	
	
	1315.555556
	103.425

	
	
	
	1371.111111
	89.635

	
	
	
	1426.666667
	75.845

	
	
	
	1537.777778
	58.6075

	
	
	
	1648.888889
	48.265

	
	
	
	1760
	41.37

	
	
	
	1871.111111
	33.096

	FS-85
	Nb-28Ta-10W-1Zr
	Nb74.9Ta17.65Zr1.25W6.2
	871.1111111
	223.398

	
	
	
	982.2222222
	206.85

	
	
	
	1093.333333
	202.713

	
	
	
	1260
	148.2425

	
	
	
	1371.111111
	107.562

	
	
	
	1426.666667
	97.2195

	
	
	
	1648.888889
	71.708

	
	
	
	1760
	57.2285

	
	
	
	1926.666667
	39.991

	
	
	
	2037.777778
	19.9955

	FS-82
	Nb-33Ta-1Zr
	Nb78.61Ta20.18Zr1.21
	871.1111111
	393.015

	
	
	
	1093.333333
	293.0375

	
	
	
	1204.444444
	179.27

	
	
	
	1371.111111
	82.74

	D-36
	Nb-10Ti-5Zr
	Nb77.63Ti17.72Zr4.65
	871.1111111
	237.8775

	
	
	
	1093.333333
	158.585

	
	
	
	1148.888889
	137.9

	D-31
	Nb-10Ti-10Mo-0.1C
	Nb72.8Ti17.68Mo8.82C0.7
	871.1111111
	248.9095

	
	
	
	982.2222222
	225.4665

	
	
	
	1093.333333
	177.891

	
	
	
	1260
	110.32

	
	
	
	1426.666667
	55.16

	AS-55
	Nb-5W-1Zr
	Nb96.37Zr1.04W2.59
	871.1111111
	160.6535

	
	
	
	1093.333333
	125.489

	
	
	
	1204.444444
	110.32

	D-43
	Nb-10W-1Zr-0.1C
	Nb92.85Zr1.06W5.28C0.81
	1093.333333
	268.905

	
	
	
	1204.444444
	158.585

	
	
	
	1315.555556
	137.9

	
	
	
	1426.666667
	82.74

	Cb-752
	Nb-10W-2.5Zr
	Nb92.01Zr2.68W5.31
	1093.333333
	191.681

	
	
	
	1204.444444
	157.206

	
	
	
	1315.555556
	137.2105

	C-129
	Nb-10W-10Hf
	Nb88.63Hf5.77W5.6
	1093.333333
	200.6445

	
	
	
	1371.111111
	141.3475

	
	
	
	1482.222222
	120.6625

	
	
	
	1648.888889
	79.982

	F-48
	Nb-15W-5Mo-1Zr
	Nb85.46Zr1.1W8.2Mo5.24
	1204.444444
	270.284

	
	
	
	1371.111111
	177.891

	
	
	
	1482.222222
	160.6535

	F-50
	Nb-15W-5Mo-5Ti-1Zr
	Nb76.18Ti9.99Zr1.05W7.8Mo4.98
	1093.333333
	255.115

	
	
	
	1204.444444
	193.06

	D-41
	Nb-20W-10Ti-6Mo
	Nb64.43Ti19.54W10.18Mo5.85
	982.2222222
	330.96

	
	
	
	1093.333333
	313.7225

	
	
	
	1260
	158.585

	
	
	
	1426.666667
	137.9

	B-66
	Nb-5V-5Mo-1Zr
	Nb85.59V8.77Zr0.98Mo4.66
	1093.333333
	303.38

	
	
	
	1204.444444
	248.22

	
	
	
	1315.555556
	179.27

	
	
	
	1426.666667
	137.9

	NTsAV8
	Nb-8W-4.25Zr-0.4N
	Nb88.79Zr4.4W4.11N2.7
	1200
	300

	WC-3009
	Nb-30Hf-9W
	Nb75.16Hf19.24W5.6
	1207
	365

	
	
	
	1317
	190

	Ta-10W
	Ta-10W
	Ta90.14W9.86
	1093.333333
	379.9145

	
	
	
	1204.444444
	235.1195

	
	
	
	1315.555556
	239.2565

	
	
	
	1371.111111
	199.955

	
	
	
	1648.888889
	113.078

	Ta-12.5W
	Ta-12.5W
	Ta87.67W12.33
	1198.888889
	199.955

	
	
	
	1482.222222
	159.964

	
	
	
	1648.888889
	115.1465

	
	
	
	1926.666667
	68.95

	Ta-30Nb-7.5V
	Ta-30Nb-7.5V
	Nb39.6Ta42.3V18.1
	982.2222222
	379.225

	
	
	
	1204.444444
	241.325

	
	
	
	1315.555556
	186.165

	
	
	
	1426.666667
	137.9

	
	
	
	1482.222222
	117.215

	
	
	
	1648.888889
	55.16

	Ta-5W-2.5Mo
	Ta-5W-2.5Mo
	Ta90.57W4.82Mo4.62
	1204.444444
	275.8

	
	
	
	1315.555556
	206.85

	
	
	
	1482.222222
	117.215

	
	
	
	1648.888889
	82.74

	
	
	
	1926.666667
	55.16

	T-111
	Ta-8W-2Hf
	Ta90.09Hf2.03W7.88
	1093.333333
	240.6355

	
	
	
	1204.444444
	197.197

	
	
	
	1315.555556
	162.0325

	
	
	
	1482.222222
	168.238

	
	
	
	1648.888889
	82.0505

	
	
	
	1926.666667
	86.877

	T-222
	Ta-10W-2.5Hf
	Ta87.61Hf2.54W9.85
	1093.333333
	277.8685

	
	
	
	1204.444444
	264.768

	
	
	
	1315.555556
	260.631

	
	
	
	1426.666667
	202.0235

	
	
	
	1537.777778
	190.9915

	
	
	
	1648.888889
	166.1695

	
	
	
	1926.666667
	97.909

	Ta-10W-2.5Mo
	Ta-10W-2.5Mo
	Ta85.74W9.64Mo4.62
	1482.222222
	158.585

	
	
	
	1648.888889
	124.11

	
	
	
	1926.666667
	62.055

	ASTAR-811C
	Ta-8W-1Re-0.7Hf-0.025C
	Ta90.09Hf0.71W7.86Re0.96C0.38
	1093.333333
	206.85

	
	
	
	1204.444444
	186.165

	
	
	
	1315.555556
	179.27

	
	
	
	1426.666667
	172.375

	
	
	
	1537.777778
	158.585

	Ta-8W-3.15Hf-0.01C
	Ta-8W-3.15Hf-0.01C
	Ta88.79Hf3.19W7.87C0.15
	1315.555556
	232.3615

	
	
	
	1648.888889
	170.3065

	ASTAR-1211C
	Ta-12W-1Re-0.7Hf-0.025C
	Ta86.16Hf0.71W11.79Re0.96C0.38
	1315.555556
	301

	ASTAR-1511C
	Ta-15W-1Re-0.7Hf-0.025C
	Ta83.2Hf0.71W14.75Re0.96C0.38
	1315.555556
	317





Supplementary Table 3 | Schmid fators (SFs) of the activated slip systems of 0C alloy in room temperature tension. Slip systems with the maximum SF in the same slip plane family or in all three slip plane families are marked in blue.

	　
	Slip system
	SF
	Max SF
	Slip plane with max SF
	Max SF in same plane family

	G1
	(0-11)[-111]
	0.395
	0.499
	(-2-31)
	0.462

	
	(110)[-111]
	0.462
	
	
	

	
	(2-11)[11-1]
	0.271
	
	
	0.495

	
	(112)[11-1]
	0.128
	
	
	

	
	(21-3)[111]
	0.153
	
	
	0.499

	
	(-2-31)[-111]
	0.499
	
	
	

	G2
	(2-11)[11-1]
	0.495
	0.495
	(2-11)
	0.495

	G3
	(011)[1-11]
	0.445
	0.494
	(-112)
	0.445

	　
	(-12-3)[-111]
	0.428
	
	
	0.491

	G4
	(21-1)[1-11]
	0.361
	0.456
	(-110)
	0.410 

	G5
	(121)[1-11]
	0.488
	0.499
	(2-3-1)
	0.491

	
	(12-1)[-111]
	0.395
	
	
	

	
	(-2-31)[-111]
	0.377
	
	
	0.499

	G6
	(110)[1-11]
	0.477
	0.497
	(32-1)
	0.477

	
	(121)[1-11]
	0.344
	
	
	0.483

	
	(21-1)[1-11]
	0.483
	
	
	

	G7
	(121)[1-11]
	0.267
	0.499
	(-12-3)
	0.496

	　
	(-213)[1-11]
	0.371
	
	
	0.499

	G8
	(13-2)[-111]
	0.367
	0.478
	(1-2-3)
	0.478

	G9
	(10-1)[1-11]
	0.429
	0.498
	(-112)
	0.434





Supplementary Table 4 | Semi-quantitative concentration of grain boundary HfO2 in as-cast 0C alloy obtained from TEM-EDS. The position is taken inside the oxide phase in Extended Data Fig. 3b.

	
	Concentration (at.%)

	Nb
	4.74 ± 1.23

	Ta
	2.3 ± 0.32

	Hf
	32.94 ± 2.44

	W
	0.49 ± 0.18

	O
	59.53 ± 2.31





Supplementary Table 5 | Observed orientation relationships (ORs) between HfO2/ZrO2 (whether monoclinic or tetragonal) and metallic BCC phase in literature. Marked in blue if the oxide is HfO2 instead of ZrO2.

	
	State
	Characterization
	OR (plane)
	OR (direction)

	C-103 - m2
	Hot forged
	EBSD
	(001)BCC // (001)m
	[001]BCC // [103]m

	Nb521 - m193
	LPBF + HT at 1400℃
	HRTEM-FFT
	(110)BCC // (01)m
	[10]BCC // [100]m

	Nb521 - m115
	LPBF + HT at 1400℃
	SAED
	(011)BCC // (100)m
(01)BCC // (00)m
	[100]BCC // [010]m

	α-Fe - t194
	Mechanical alloyed
	HRTEM-FFT
	(002)BCC // (002)t
	[120]BCC // [010]t

	Nb-1Zr - t134
	HT at 1700℃
	SAED
	(110)BCC // (200)t
	[001]BCC // [001]t

	Nb - t'195
	Diffusion bonded
	Laue X-ray
	(125)BCC // (110)t'
	[16 5]BCC // [001]t'

	Nb - t'196
	Hot pressed at 1500℃
	HRTEM-FFT
	(110)BCC // (110)t'
	/



Notes: Here m stands for monoclinic phase, t for retained tetragonal phase due to small grain sizes, t’ for stabilized tetragonal phase by Y2O3 addition, LPBF for laser powder bed fusion, HT for heat treatment, HRTEM for high resolution transmission electron microscopy, FFT for fast Fourier transform, and SAED for selected area electron diffraction.


Supplementary Table 6 | Semi-quantitative concentration of grain boundary FCC-MC in as-cast 0.8C alloy obtained from TEM-EDS. The position is taken inside the carbide phase in Fig. 4h.

	
	Concentration (at.%)

	Nb
	9.34 ± 0.99

	Ta
	22.30 ± 1.54

	Hf
	32.37 ± 2.68

	W
	1.58 ± 0.13

	O
	10.60 ± 1.25

	C
	23.81 ± 2.06






Supplementary Table 7 | Schmid fators (SFs) of the activated slip systems of 0.8C alloy in room temperature tension. Slip systems with the maximum SF in the same slip plane family or in all three slip plane families are marked in blue.

	　
	Slip system
	SF
	Max SF
	Slip plane with max SF
	Max SF in same plane family

	G5
	(13-2)[-111]
	0.455
	0.461
	(12-1)
	0.455

	
	(312)[-111]
	0.143
	
	
	

	G6
	(011)[1-11]
	0.273
	0.498
	(2-13)
	0.483

	
	(10-1)[1-11]
	0.428
	
	
	

	G7
	(10-1)[1-11]
	0.428
	0.498
	(2-13)
	0.483

	G8
	(-110)[11-1]
	0.449
	0.493
	(-121)
	0.471

	
	(231)[1-11]
	0.479
	
	
	0.492

	G9
	(231)[1-11]
	0.440
	0.489
	(110)
	0.485

	G10
	(0-11)[-111]
	0.491
	0.491
	(0-11)
	0.491

	G12
	(-1-32)[-111]
	0.398
	0.454
	(-2-31)
	0.454

	G13
	(2-11)[11-1]
	0.497
	0.498
	(3-21)
	0.497

	G14
	(-110)[11-1]
	0.456
	0.498
	(3-21)
	0.456

	G15
	(110)[1-11]
	0.325
	0.496
	(101)
	0.496
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