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Abstract

Owing to the inherent strength—ductility trade-off and complex changes in
precipitation behavior, the design of 7xxxAl composites with high n-SiC content has
long been a formidable challenge. Here, we fabricated a bimodal n-SiC/7075Al
composite in powder metallurgy route and investigated the role of coarse-grained (CG)
microstructures in mechanical responses. The spatially alternate arrangement of
ultrafine-grained (UFG) zones with high-content (10 wt%) n-SiC and CG zones without
n-SiC delivers superior mechanical properties: yield strength (YS) of 538.4 MPa,
ultimate tensile strength (UTS) of 662.0 MPa, elongation (El) of 5.7% and a strain



hardening exponent of 0.078. Compared with 7075Al, the suppressed intragranular
nanoprecipitates by dispersive n-SiC/Al interfaces facilitate the hetero-deformation-
induced (HDI) stress as dominant strengthening contribution rather than Orowan
mechanism. The improved ductility is attributed to the synergy of both intrinsic and
extrinsic toughening mechanisms. The former origins from the enhanced HDI strain
hardening capacity by means of strain gradients and nanoprecipitates; while the latter

derives from the delocalized nucleation and growth of microcracks.

1. Introduction

As a precipitation-strengthening alloy, 7075Al1 derives its exceptionally high
strength from Orowan strengthening induced by the high-density GPII zones and n’
phases that precipitate after T6 heat treatment, maintaining a coherent/semi-coherent
relationship with the matrix !4, Currently, 7075A1 alloy finds extensive application in
aerospace, weaponry, and rail transport sectors > /. To accommodate more demanding
and extreme service conditions, incorporating ceramic particles (SiC, TiB2, B4C, A12O3)
into metals can effectively enhance the material's strength, stiffness, hardness, and wear
resistance 719,

Given that conventional micron or hybrid particle reinforced 7xxxAl matrix
composites exhibit simultaneous loss of both strength and ductility [1% 1 the
incorporation of nanoparticles theoretically offers superior properties. However,
incorporating high-content nano-reinforcements into precipitation-strengthened alloys
not only poses the challenge of agglomeration arising from their high surface energy,
but can also disrupt the aging precipitation sequence owing to the presence of high-
density interfaces and defects, ultimately leading to a pronounced loss of ductility.!!*
141 Therefore, it is imperative to develop effective strategies that enhance the strength
of 7xxxAl matrix composites while preserving their ductility.

Heterogeneous grain structure design actively constructs non-uniform
microstructures, combining regions with differing mechanical properties in a specific
manner. This approach effectively utilizes strain gradient and HDI strengthening to

achieve simultaneous enhancement of strength and ductility. Liu et al. ! successfully



fabricated a bimodal-grained TiB2/Al-Zn-Mg-Cu composite, which achieved a YS of
774 MPa, an UTS of 813 MPa, while maintaining an El of 6%. Research by Guan et al.
[16] has also demonstrated that SiC/2024Al composites based on a bimodal grain
structure achieve simultaneous enhancement of strength and ductility. This is facilitated
by the combined effects of HDI strain hardening and increased dislocation
accumulation capacity, coupled with the crack passivation effect exerted by CG zone.
Liu et al. '] prepared m-&n-SiCp/Al composites with a bimodal grain structure by
adjusting strain energy input and introducing n-SiC. Its toughness was enhanced by 267%
and 175% respectively compared to homogeneous FG and UFG structured composites.
Given the inherently low ductility of 7xxxAl alloys and the strength-ductility inversion
dilemma faced by conventional composites, a bimodal grain structure has been
incorporated into the composite material to achieve simultaneous enhancement of both
strength and ductility.

To this end, a bimodal-grained n-SiC/7075A1 composite was fabricated via high-
energy ball milling and vacuum hot-pressing sintering. The precipitation behavior and
deformation mechanisms in CG and UFG zones were systematically characterized. By
combining tensile and LUR tests, the influence of the bimodal grain structure on
strength and ductility was clarified, and the contributions of the dominant strengthening

mechanisms were quantitatively evaluated.

2. Experiments

2.1 Material preparation

The raw materials required for sample preparation, namely 7075Al powder and n-
SiC powder, were supplied by TJO Industry & Trade Co., Ltd. (Hunan, China) and
Aladdin Industrial Co. LLC respectively. The alloy composition of 7075A1 powder is

shown in Table 1.

Tablel. Chemical compositions of 7075A1 powders

Components Al Zn Mg Cu Fe Mn Cr Si

Contents/ wt% bal. 5.218 2.180 1.464 0.251 0.136 0.189 0.152




The 7075Al powders were mixed with n-SiC powders and subjected to ball milling
under an argon atmosphere of 1 atm with a ball-to-powder ratio of 20:1, using a total
of 75 g of mixed powders. Two types of milled powders were produced: high-speed
ball-milled (HSB) powders, containing 10 wt% n-SiC, milled at 250 rpm for 4 hours;
and low-speed ball-milled (LSB) powders, with 3 wt% n-SiC, milled at 100 rpm for 8
hours. Heterostructured composite powders were subsequently prepared by blending
the HSB powder with either LSB powder or 7075A1 powder, with a total mass of 70 g
for each composite mixture. The blending mass ratios were set as HSB: LSB = 3:1 for
HSB+LSB, and HSB:7075 = 3:1 for HSB+7075. The powder blending process was
carried out in a drum mixer operated at a rotational speed of 120 rpm, using ZrO: balls
with a ball-to-powder ratio of 5:1.

The composite powders were loaded into a steel mold with a diameter of 36 mm
and consolidated via hot-press sintering. The process was conducted at a temperature
of 540 °C for 1 hour, with a uniaxial pressure of 300 MPa applied during the final 10
min. Throughout sintering, a vacuum level of 10 Pa was sustained. The sintered
specimens were extruded at 400 °C using an extrusion ratio of 16:1. The extrusion rods
were solution treated at 470 °C for 1 hour and quenched in cold water. Subsequently,
artificial aging was performed at 120 °C for 24 hours, followed by air cooling. The

flowchart for material preparation is shown in Fig. 1.
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Fig. 1. The fabrication processes of bimodal structured composites.

2.2 Microstructural characterizations and mechanical tests

Field emission scanning electron microscopy (FE-SEM, MIRA3, TESCAN),
electron backscatter diffraction (EBSD, Sigma30, ZEISS), and field emission
transmission electron microscopy (FE-TEM, Talos F200X G2, Thermo Scientific) were
employed to characterize the microstructures (grains and precipitates). The EBSD
results were analyzed using AZtec Crystal software to generate inverse pole figure (IPF)
maps, pole figure (PF) maps, grain orientation spread (GOS) maps, kernel average
misorientation (KAM) maps, and grain size distribution plots. Specimens for EBSD
experiments were prepared using a triple ion beam cutter (EM TIC 3X, Leica). Thin
sections with a diameter of 3 mm and thickness below 20 um were thinned using an ion
thinning apparatus (PIPS695, Gatan) to meet TEM requirements. X-ray diffraction
(XRD, D8 ADVANCE Da Vinci, Bruker) with Cu Ka radiation was employed for phase
identification of powders and bulk specimens. Three-dimensional imaging of the spatial
distribution of cracks on the tensile fracture surface was performed using high-
resolution CT (Xradia 620 Versa, Carl Zeiss).

Quasi-static tensile tests and loading-unloading-reloading tests (LUR) were
conducted on a universal testing machine (Instron 3344) at a tensile rate of 0.3 mm/min.
The extensometer gauge length was set to 10 mm. Rectangular tensile specimens
featured a gauge length of 15 mm, a width of 2 mm, and a thickness of 1.2 mm. The

LUR tests employed a cyclic strain amplitude of 0.5%.

3. Results

3.1 Microstructural characterization results

Fig. 2 presents the SEM and XRD results of 7075A1, HSB and LSB powders. The
as-received 7075Al powder exhibits a nearly spherical morphology with an average
particle size of 13.6 um (Fig. 2 (a)). The LSB powder (Fig. 2(b)) maintains its structural
integrity without significant flaking after low-speed ball milling, while the n-SiC is
uniformly dispersed to cover its surface. Following high-speed ball milling, the

composite powder undergoes flaking before re-aggregating and bonding to form larger



cold-welded particles (Fig. 2(c)). Both the surface layer and core of these cold-welded
particles exhibit a uniform distribution of n-SiC. The XRD results for both HSB and
LSB powders clearly show distinct n-SiC diffraction peaks. In addition, the broadened
Al (111) peak observed in HSB powders compared with 7075 and LSB

powders suggests an increased defect density and strain energy.

Average size: 13.6 im

Al i . jarat
o SiC Ll l
Al
= ) ‘ A
= ! s/ W\
= T [4555 HSB =
= 1! / '
g ] Y A —
= 075 wjl ot ) I
= LSB 4l o )¢
I
HSB ¢ LJL o O
=
20 40 60 80
20/°

Fig. 2. SEM images of: (a) 7075A1 powders, with inset is particle size distribution, (b) LSB powders, with
inset shows a detailed view of dispersed n-SiC adhering to the surface of 7075A1 powder. (c) HSB powders, (d)

XRD patterns of different powders, with inset is a magnified view of the Al (111) peak.

Fig. 3 presents the microstructures of composites and 7075Al. Both HSB+LSB
and HSB+7075 exhibit pronounced heterogeneous grain structures (Fig. 3(a, b, d, e)).
The band-like CG and UFG zones are spatially alternated to form a high density of
domain interfaces. The n-SiC is selectively enriched in UFG zones, while the large
grains in the CG zone are elongated along the extrusion direction. As shown in Fig. 3(c,
f), a small number of rod-like precipitates are sporadically distributed within the UFG
regions. These coarsened precipitates have average dimensions of approximately 200
nm in length and 20 nm in width. For comparison, Fig. 3(g) shows the bright-field

STEM (BF-STEM) image of 7075Al, where Al grains are similarly elongated along the



extrusion direction. The XRD results presented in Fig. 3(i) confirm the presence of the

(222) diffraction peak of MgZn, [8-19-21],

() - Heterointertace] (D) -

UEG Zane~

z
l) + Al
o SiC
= | v™gzn,
<
=3
& 7075 +
a 2.4 J
Q
b .
= | HSB+7075 | v 5 1
*
HSB+LSB 0|y o Lo
20 40 60 80
20/°

Fig. 3. TEM BF-STEM image of samples after aging: (a) HSB+LSB, (d) HSB+7075, (g) 7075A1; Low
magnification SEM image of samples: (b) HSB+LSB, (e) HSB+7075, (h) 7075; High magnification SEM image of

samples: (c) HSB+LSB, (f) HSB+7075, (i) XRD patterns.

Fig. 4 presents the EBSD results of composites and 7075A1. Given that 7075A1
possesses an FCC crystal structure with a {111}(110) slip system, the (111) axis is
preferentially parallel to the extrusion direction, as observed in the CG zones of
HSB+LSB and HSB+7075 as well as in most grains of the 7075Al (Fig. 4(ai-a3)) [17],
which is widely recognized as the {112}(111) copper texture developed during
extrusion deformation. The high stacking fault energy inherent to aluminum promotes
dynamic recovery during thermo mechanical processing, e.g., hot extrusion, which is
further enhanced in the presence of a high content of n-SiC, as evidenced in the UFG
zones of composites and certain areas of 7075Al (Fig. 4(c1-c3)). The lower GOS values,

specifically those “cold spots” representing GOS < 2°, are indicative of a greater extent



of recrystallization. As shown in Fig. 4(ei-e3), the (111) texture strengths of HSB+LSB,
HSB+7075 and 7075Al are 16.55, 9.47, and 24.06, respectively. The reduction in
texture strength of the composites compared to the alloy correlates with the high degree

of recrystallization within their UFG zones 2%/,
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Fig. 4. EBSD results of HSB+LSB, HSB+7075 and 7075Al: (ai-a3) IPF, (bi1-b3) KAM figure, (ci-c3) GOS figure,
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High density dislocations in composites are predominantly localized at CG
boundaries and heterogeneous interfaces (Fig. 4(bi, b2)). During hot extrusion, the
differential deformation capacities between hard (UFG) and soft (CG) zones prompt
the accumulation of geometrically necessary dislocations (GNDs) at these
heterogeneous interfaces, thereby accommodating the resulting strain gradient. The
grain size distribution diagram of the composites (Fig. 4(di, d2)) also exhibits a
pronounced bimodal grain structure. In HSB+LSB, CG and UFG exhibited average
grain sizes of 3.51 um and 309 nm, respectively. This contrasts with HSB+7075, which
showed corresponding values of 5.71 um and 235 nm. Given that the CG zone of the
HSB+7075 is derived from unmilled 7075 powder and lacks the pinning effect of n-

SiC at grain boundaries, its average grain size is therefore significantly larger than that



in HSB+LSB. The average grain size of the 7075A1 was 8.25 um. Further details

regarding the EBSD experimental results are presented in Table 2.

Table 2. Statistical results of 7075A1 and n-SiC/7075A1 composites from EBSD.

Average grain Fraction
Fraction of GB/% Maxim
size/pm of grain GND
um texture
with density/10'*m2
CG UFG HAGBs LAGBs intensity
GOS<2°
HSB+LSB 3.51 0.309 86.9 13.1 55.5% 12.9 16.55
HSB+7075 5.71 0.235 78.7 21.3 39.8% 16.2 9.47
7075 8.25 71.8 28.2 53.5% 13.0 24.06

Fig. 5 shows the TEM characterization of the CG zone in HSB+LSB. As shown in
Fig. 5(a) and the corresponding EDS mappings (Fig. 5(ai-a4)), n-SiC are distributed
both within the CG and along grain boundaries. This observation is attributed to the
partial migration of n-SiC originally covering the surface of LSB powders into grain
interiors during hot extrusion. Moreover, the spatial distributions of Mg and Zn are
highly correlated with those of n-SiC, indicating that precipitates preferentially nucleate
and grow in regions adjacent to these reinforcing nanoparticles. Fig. 5(b) shows an
HRTEM image of region b in Fig. 5(a), demonstrating defect-free interfacial bonding
between n-SiC and the Al matrix. Fig. 5(b1, b2) present the fast Fourier transform (FFT)
patterns of A1 [011] and SiC [100] with long period stacking ordered structure. Fig. 5(c)
shows a dark-field STEM (DF-STEM) image of grain boundary precipitates (GBPs).
The average length and width of the GBPs are measured to be 18.03 nm and 8.98 nm,
respectively (Fig. 5(c1, c2)); they are likely the Mg(Zn, Cu, Al). phase or the n phase [
15.20] "Fig. 5(d) shows a typical HRTEM image of a triple-phase interface between the
Al matrix, a precipitate, and n-SiC. The FFT patterns taken from the regions marked by
the yellow boxes (Fig. 5(d)) confirm that the precipitate is the n’ phase with a hexagonal
structure, maintaining an [1010] n'//Al [011] orientation relationship with the Al
matrix [232°], Fig. 5(e) presents the DF-STEM diagram of 0’ phases in the CG interior,

showing that they precipitated along dislocations with specific orientations (i.e., (111)



and (111) planes in [011] Al zone axis) 6%, rather than being randomly distributed
as commonly reported in 7xxxAl alloys. HRTEM and FFT images of the precipitates
are shown in Fig. 5(f, fi, f2), confirming that the two precipitates correspond to the n’
phase and GPII zone, respectively 3% 3!, Statistical analysis of their average length and

width yields values of 11.73 nm and 2.13 nm, respectively (Fig. 5(f3, f4)).
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Fig. 5. TEM microstructure of CG zone in HSB+LSB: (a, ai1-as) BF-STEM image and corresponding EDS
mappings, (b, bi, b2) HRTEM image of region b in figure a and corresponding FFT image of Al[011] and
SiC[100], (c, c1, c2) DF-STEM image of region c in figure a and histogram of GBPs size, (d, di1,d2) HRTEM image
of region d in figure a and corresponding FFT image of " and SiC[100], (¢) DF-STEM of region ¢ in figure a, (f)
HRTEM image of region fin figure e, (i, f2) corresponding FFT image of Al[011], (f3, f4) histogram of

intragranular precipitate size.

Fig. 6(a) shows the BF-STEM image and corresponding EDS mappings (Fig. 6(ai-
a4)) of HSB+7075. In contrast to HSB+LSB, no n-SiC are present within the CG zones,
and Mg, Zn, and Cu are uniformly distributed without segregation near nanodispersoids.
Fig. 6(b) presents a BF-STEM image of region b in Fig. 6(a), revealing active

dislocation forest hardening with entanglements within the CG interior, further



enhanced by the elevated dislocation density near the CG/UFG domain interface. Note
that no significant defect-dependent precipitation behavior similar to that observed in
HSB+LSB is found in the CG of HSB+7075; instead, the nanoprecipitates are
uniformly distributed rather than growing along dislocations or interfaces (Fig. 6(c)).
As shown in Fig. 6(d), HRTEM and FFT images reveal i)’ phase growing on the (111)
plane, viewed along the [110] Al zone axis; these precipitates exhibit average lengths
and widths of 10.72 nm and 1.59 nm, respectively (Fig. 6(di, dz2)). Fig. 6(e, ei-e4)
present the BF-STEM image of a representative UFG in the HSB+7075 and the
corresponding EDS maps. The n-SiC, which were subjected to intense shear during
high-speed ball milling, are distributed both at UFG boundaries and interiors, while Mg
and Zn are segregated near crystal defects such as n-SiC/Al interfaces and grain
boundaries. Additionally, intragranular precipitates (IGPs) with an average diameter of
12.44 nm are also observed within the UFG (Fig. 6(f)).

Fig. 7(a) shows a BF-STEM micrograph of the 7075A1 for comparison. Coarse
precipitates form at grain boundaries due to the enrichment of Mg, Zn, and Cu, leading
to solute depletion adjacent to the boundaries and the formation of precipitate-free
zones (PFZs) U 15321 The average width of the PFZs is measured to be 53.94 nm.
Within the grain interiors, a high density of precipitates is observed, with average
dimensions of 7.90 nm in length and 2.34 nm in width (Fig. 7(bi1, b2)). HRTEM and
FFT images (Fig. 7(c, d, €)) of these precipitates reveal the presence of both the n’ phase
and the 1 phase in 7075Al.
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Fig. 6. TEM microstructure of CG zone in HSB+7075: (a, ai-a4) BF-STEM image and corresponding EDS
mappings, (b) DF-STEM image of region b in figure a, (c) DF-STEM image of region c in figure b, (d, di, d2)
HRTEM image of 1’ in figure c (inset shows the FFT image of Al [110]) and histogram of intragranular

precipitate size, TEM microstructure of the UFG zones in HSB+7075: (e, e1-e4) BF-STEM image and

corresponding EDS mappings, (f) histogram of precipitate diameter.
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3.2 Mechanical test results

Fig. 8(a) shows the engineering stress-strain curves of HSB+LSB, HSB+7075 and
7075Al. The detailed tensile properties are presented in Table 3. Due to the dispersed
high-stiffness n-SiC, the elastic modulus of the composites exceeds 82 GPa,
representing a maximum increase of 23% relative to 7075A1. Notably, unlike the linear
stress-strain response of homogeneous 7075Al, the slope of the stress-strain curve for
HSB+7075 begins to decrease when the stress reaches 538.4 MPa, even though a
macroscopic plastic flow has not yet occurred. Such a premature yielding, i.e.,
conditional yielding co2, is mainly facilitated by the localized plastic deformation
initiated preferentially in CG zones, denoted as Y Si, which is comparable to that (532.7
MPa) of 7075Al. Then, as the stress further increases to 604.4 MPa, the slope drops
sharply to a minimum, suggesting that slip systems are widely activated, including
those in UFG zones, and plastic flow initiates. The observed overall yielding point,
denoted as YSu, is 13% higher than YS; of 7075Al. For HSB+LSB, the CG is

dispersion-strengthened by n-SiC, giving rise to a higher YS; (547.9 MPa) than that of



HSB+7075; however, YSni is nearly identical, which is likely governed by the
volumetrically dominant UFG zones. Thus, HSB+7075 exhibits superior
comprehensive mechanical properties, e.g., 662.0 MPa in UTS and 5.7% in El to

fracture, with the former being nearly identical to HSB+LSB, while the latter is 20%

higher.
Table 3. Mechanical properties of 7075Al and n-SiC/7075Al composites.
Sample UTS/MPa YSi/MPa YSu/MPa El/% E/GPa UTS-YSi/MPa
I I I I I I
HSB+LSB 663.7+3.9 547.9+£3.9 605.0+7.5 4.8+0.8 86.6+0.3 115.8
HSB+7075 662.0+£2.3 538.4+2.2 604.4+11.4 5.7+0.5 82.6+0.4 123.6
7075 591.6£5.6 532.7+£0.4 / 8.6+2.4 70.2+1.0 58.8

Note that compared with 7075Al, composites exhibit a much higher UTS-YS;
value, and especially that of HSB+7075 reaches a maximum of 123.6 MPa. Such larger
strain hardening interval implies an enhanced strain hardening capacity. Fig. 8(b) shows
the strain hardening rate (SHR, y=ds/de, where s and e denote true stress and true strain,
respectively) curves for composites and 7075Al. They all exhibit a three-stage strain
hardening behavior, i.e., the strain hardening rate first drops to a minimum upon the
termination of elastic stage, then rapidly climbs to a peak with plastic flow lasting, and
finally decreases gradually until it intersects the true stress-strain curve. The Considére
criterion attributes the onset of necking and plastic instability to the condition s=ds/de,
implying that an improved strain hardening rate can not only strengthen the flow stress
but also increase the uniform El. A higher peak strain hardening rate and a more gradual
post-peak decay are observed in HSB+7075, compared with 7075Al, indicating an
enhanced strain hardening capacity, which can be quantified by the strain hardening
exponent n. Based on the power law 0,=K¢," (Where g, and ¢, represent the plastic stress
and strain, respectively) that describes the mechanical responses during plastic
deformation, the n values for 7075A1 and HSB+7075 are determined by curve fitting to

be 0.058 and 0.078, respectively. The n value of 7075Al is consistent with the reported



range of 0.03-0.08; while that observed in HSB+7075 is unusual, since the
incorporation of nanodispersoids generally reduces the n value due to limited ductility
and dislocation annihilation at extra particle interfaces. Although the highest peak strain
hardening rate is found in HSB+LSB, the subsequent rapid decay results in the lowest
uniform El; its strain hardening capacity is slightly inferior to that of HSB+7075, with

an n value of 0.070.
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curve.

Fig. 9(a, b) show the fracture surface morphologies of HSB+LSB and HSB+7075,
respectively. The CG zones exhibit large, deep, and well-defined dimples accompanied
by pronounced tearing ridges, indicative of extensive plastic flow and void growth prior
to final fracture. By comparison, the UFG zones display a high density of fine and
shallow dimples, resulting in a comparatively smoother fracture surface. Notably, n-
SiC embedded at the bottom of the UFG dimples act as dominant microvoid nucleation
sites due to elastic and thermal mismatch with the Al matrix. The tensile fracture surface
of 7075A1 exhibits elongated ductile dimples oriented at 45° to the tensile direction (Fig.
9(c)), representing a characteristic microstructural feature of ductile shear fracture
under tensile loading. Additionally, larger Als(Fe, Mn) phases appear at the bottom of
the ductile dimples. A low-energy intergranular fracture can be triggered by the rapid
coalescence of microvoids along grain boundaries, which originate from the debonding
of coarse intermetallic particles at the boundaries. This mechanism is observed on the

tear ridges in both the composite and the alloy (marked in the Fig. 9 with a red circle).



Fig. 9. SEM image of the tensile fracture surface: (a)HSB+LSB, (b)HSB+7075, (c)7075Al.

4. Discussions

4.1 Heterogeneous microstructures induced toughening behaviors

According to the Considere criterion, necking instability and rapid failure occur
once the strain hardening rate drops to flow stress, i.e., P = ds/de = s, as shown in
Fig. 8(b). Therefore, HSB+7075 exhibits comparable UTS and higher uniform EI by
virtue of stronger strain hardening capacity, although the YS is slightly lower than that
of HSB+LSB.

It is widely acknowledged that HDI hardening constitutes the microstructural basis
for the strain-hardening response in heterostructured materials %3334, To elucidate the
origins of variations in strain hardening and intrinsic toughening behaviors, LUR tests
(Fig. 10(a)) were conducted to track the dynamic evolutions of microstructure
dependent HDI stress during uniaxial tensile deformation. Compared with 7075Al,
HSB+LSB and HSB+7075 exhibit notably larger hysteresis loops, which manifests as
the pre-yield precursors of Bauschinger effect, indicating long-range HDI stress
induced by microstructural heterogeneities. By analyzing each individual unloading-

reloading event (Fig. 10(b)) following the methodology summarized by Wu 3;

Or+0:
Oypr = r2 = (1)

Ocff = Oflow — OHDI ()

The evolutions of flow stress (df0. ), effective stress (o 5¢) and HDI stress (oyp;) as a
function of true strain are quantified in Fig. 10(c-e), respectively.

Fig. 10(d) presents the evolution of HDI stress. For both HSB+LSB and 7075Al,

the HDI stress increasing monotonically with strain, approaches a near-saturation state



at the terminal plastic stage, attributable to the GND accumulation driven by strain
gradients. Specifically, continued plastic deformation progressively alleviates the
mechanical incompatibility between distinct microstructural units, thereby weakening
the strain gradients in the interfacial regions. The suppressed GND emission decelerates
the growth rate of HDI stress, which aligns with the precipitous decline in SHR during
the late plastic stage. The higher HDI stress in HSB+LSB relative to 7075A1 originates
from UFG/CG gradient grain structure and the dispersed n-SiC/Al interfaces. Notably,
despite exhibiting a consistently lower flow stress compared with HSB+LSB,
HSB+7075 manifests a higher HDI stress level, and furthermore, a distinct advantage
in HDI stress growth rate, enabling a climb even at the terminal plasticity stage.
Through a detailed comparative analysis of the microstructural differences between
HSB+LSB and HSB+7075, such a sustained HDI strain hardening capability can be
ascribed to two factors: 1) In contrast to the other counterparts, the UFG components
incorporating a high content of n-SiC via HSB process, alongside the n-SiC-free CG
structure, engender a substantial strain incompatibility that maximizes the strain
gradients at UFG/CG hetero-interfaces; 2) It is precisely due to the lack of n-SiC in CG
zones of HSB+7075 that a higher density of MgZn. nanoprecipitates are retained
compared to HSB+LSB (the underlying mechanisms are discussed in Section 4.2). The
copious intragranular MgZn./Al interfaces can improve GND multiplication through
strain partitioning, with their contribution even significantly surpassing that of n-SiC/Al
interfaces. EBSD analysis of CG subset (Fig. S3 and Table S1) confirms a more uniform
dislocation substructure within CG zones after deformation, indicating enhanced GNDs
stored. Consequently, the superior HDI kinematic hardening governs the strain
hardening of HSB+7075, conferring upon it the highest strain hardening exponent and
uniform elongation among the three samples 137,

Besides, Fig. 10(e) shows the effective stress curves. Unlike long-range HDI stress,
effective stress, originating from the forest dislocation cutting and dislocation-lattice
interactions, represents the isotropic resistance to slip. Relative to 7075A1, HSB+LSB
and HSB+7075 show a sharper increase in effective stress at the onset and a steeper

decrease in the late plasticity stage. This could be rationalized by: 1) The rapid



multiplication of GND forests upon UFG/CG hetero-interfaces and their frequent
intersection with gliding dislocations in the early plastic stage; 2) The combined effect
of dynamic recovery of mobile dislocations and dislocations absorbed into high-density
grain boundaries of UFG zones in the terminal plastic stage, which weakens the

dislocation interactions!*® 4°],
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Fig. 10. (a) LUR stress-strain curve, (b) the unloading and reloading curve, (c) flow stress, (d) HDI stress and

(e) effective stress at different true stain.

In addition to the intrinsic toughening arising from strain hardening, the extrinsic
toughening mechanism governed by crack evolution also plays a critical role in
dictating strength-ductility synergy. High-resolution CT reconstruction results (Fig. 11)
reveal the spatial distribution of cracks near tensile fracture surfaces. Compared to
HSB+LSB, HSB+7075 exhibits smaller average crack size and higher crack density in
the necking region, as evidenced in Fig.11 (c, f). Such crack characteristics could lead
to more uniform cracking and enhanced strain energy dissipation >3], which contributes
to the improved El. The microcrack magnification diagram of HSB+LSB (Fig. 11(b))
presents a representative coarsened defect-coalescence, indicating a significant crack
instable propagation during deformation. It could be understood that n-SiC introduced
defect nucleation sites in the CG zones of HSB+LSB could accelerate the strain

o [38-40

localization and microcrack propagatio 1. Fig.11 (g-i) display a higher crack



density and sphericity observed in 7075Al, which is the typical characteristic feature of
ductile fracture.

Accordingly, although the modification strategy on CG zones by introducing
nanodispersoids can enhance the YS, the synergistic improvement in strength-ductility
is essentially a combined outcome of multiple factors, e.g., strain gradients,
nanoprecipitates and crack evolutions. In other words, the superior comprehensive
mechanical properties of HSB+7075 in the present study stem from the cooperative

mechanism of intrinsic toughening induced by improved HDI strain hardening and

extrinsic toughening governed by crack homogenization.
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4.2 Unique aging precipitation behaviors in composites

TEM analysis reveals that the number densities of the " and n phases in 7075Al
are higher than those of the GPII zones and 1’ phase in the composites. This observation
suggests that the aging kinetics in composites are quite different from that in 7075Al
under identical aging conditions. This kinetic disparity is attributed to the altered
migration and segregation behavior of Mg atoms, which play a critical role in
controlling the aging process. The role of Mg evolves during the aging process: initially,
its interaction with vacancies promotes the formation of cluster/GP zones, while later,
its substitution for Al in the metastable 1’ phase directly promotes the transformation to
the stable ) phase %4+ %3], The extensive n-SiC/Al interfaces in the composites enhance
Mg segregation (Fig. 5(ai) and Fig. 6(e3)), diverting Mg to form coarse GBPs such as
Mg (Zn, Cu, Al),. This reduces the Mg content available for intragranular precipitation
compared to the alloys, leading to a kinetic retardation of aging process within grains.

Moreover, the precipitation behavior in CG and UFG zones of the composites also
exhibits significant differences (as shown in Fig. 5(c) and Fig. 6(c, ¢)). Owing to the
high concentration of grain boundaries and n-SiC/Al interfaces in the UFG structure,

6] the coarse

which facilitates the diffusion and segregation of Mg, Zn solutes |
equilibrium phases form a homogeneous distribution with negligible size variation
between the grain interiors and boundaries. Hu et al. revealed the fundamental reasons
for the low precipitation density within UFG materials !, On one hand, during
quenching and subsequent aging processes, a substantial number of supersaturated
vacancies migrate to grain boundaries and annihilate, resulting in a reduced actual
vacancy concentration within the grain interiors. The lack of vacancies directly
suppresses the homogeneous nucleation of GP zones, which relies on the formation of
vacancy-solute clusters. On the other hand, grain refinement promotes the absorption
of dislocations into grain boundaries, thereby decreasing the heterogeneous nucleation
sites. The dual suppression of both homogeneous and heterogeneous nucleation
mechanisms functioning in UFG zones ultimately leads to an exceptionally low

intragranular precipitation density.

The localized segregation of solute elements migrating from CG to UFG zones,



induced by the short-circuit diffusion of UFG structure with high-density grain
boundaries, is corroborated by the EDS mapping of composites, which is consistent
with the observation that Mg and Zn signals in the CG zones are significantly weaker
than those in UFG zones (Fig. 5(a3) and Fig. 6(a3)). Given the inherently low
supersaturation that discourages homogeneous nucleation, the nanoprecipitates within
the CGs of HSB+7075 exhibit lower density than those of 7075Al. Even more, the
intragranular homogeneous precipitation in the CG zones of HSB+LSB is further
suppressed and confined almost exclusively along the dislocations. This is attributed to
the additional n-SiC/Al interfaces introduced by dispersive n-SiC, which facilitates the
localized distribution of Mg and Zn and obstructs homogeneous nucleation. Fig. S1
provides clear evidence for the role of dislocation pipe diffusion in facilitating the
growth of precipitates within both the composites and alloy [!!. The enhancement factor

fenables quantitative analysis of the effect of dislocation pipe diffusion on precipitate

f=1+22x [fen <2 (3)

where b is the burgers vector, b=0.286 nm; R is the radius of precipitates, R=7.90 nm

size (261 .

(7075Al); D, is the diffusivity of the rate-limiting species (Zn) along the dislocation

core, Dp- 10717 m%/s [2]; D is the bulk diffusivity of the rate-controlling solute species
(Zn) at 120 °C aging temperature, D=7.4x10"2> m%/s *!; The function f{¢ ) is an integral

with respect to time t". As the duration varies from 100 seconds to 1000 seconds, the
integral value ranges from 0.85 to 0.62. During this research, f{t ) was taken as 0.85 [2°],
The final calculated value of the enhancement factor f is approximately 1.87. When
considering the combined effects of bulk diffusion and pipe diffusion, the growth rate
of the precipitates is 1.87 times that of the growth rate when only bulk diffusion is
considered.

In summary, the precipitation behavior in composites is highly heterogeneous and
governed by the distribution of n-SiC and the accompanying defects. The preferential
segregation of Mg to n-SiC/Al interfaces and grain boundaries depletes the solute atoms,

thereby suppressing the intragranular precipitation. On this basis, the formation of



nanoprecipitates in UFG interiors is further obstructed by the superposition of vacancy
annihilation and dislocation absorption into boundaries. The n-SiC decorated CGs also
suffers from the decrease of solute supersaturation, making intragranular
nanoprecipitates prefer to form along dislocations rather than homogeneously. A
reasonable explanation is given by pipe diffusion, which accelerates the growth of
nanoprecipitates nucleated on dislocations, with an enhancement factor of
approximately 1.87. These results demonstrate the intrinsic differences in precipitate
density and distribution between composites and unreinforced 7075Al, arising from the
competing effects of solute segregation, vacancy depletion and dislocation-assisted
diffusion. The nanodispersoids introduced into CG zones are not isolated but

accompanied by the evolutions of precipitation behavior.
4.3 Strengthening mechanisms of composites and alloys

The theoretical YS of composites is attributed to a combination of strengthening
mechanisms, e.g., grain refinement, dislocation hardening, Orowan strengthening, HDI
strengthening, and load transfer strengthening. To quantitatively deconvolute the
contribution of each mechanism, the respective strengths were calculated using the
following equations (the HDI strength value was obtained from the LUR test).

Grain boundaries serve as strong barriers that impede the long-range cross-grain
dislocation propagation, leading to pile-ups and stress concentration. This

strengthening mechanism can be quantitatively described by the Hall-Petch equation

[49].

ogg = 0o ThiNd )
where o, is the friction stress, g,=5 MPa "¢l k is the Hall-Petch constant (k=0.12
MPa-m'?) 1] 4 is the average grain size (the value of d is derived from the EBSD
results and is presented in Table. 2.) The contributions to grain boundary strengthening
for 7075A1, HSB+7075, and HSB+LSB are 47 MPa, 119 MPa, and 100 MPa
respectively. The contribution of UFG to strength is approximately 53~72 MPa.
The strengthening increment from dislocation interactions, including forest

hardening resulting from the intersection and tangling of high-density dislocations, is



calculated via the Bailey-Hirsch relationship [°”

04 = MaGbp'? %)
where M is the Mean orientation factor, M=3.06 for fcc matrix [*]; a is the constant,
0=0.2 for fcc metals 71; G is the shear modulus, G=26.9 GPa for 7075A1 "°1; p is the
dislocation density, The value of p is obtained by linear fitting the XRD results
according to the William Hall method.

The strengthening contributions from the stable n phase in 7075A1 and the n-SiC
within the UFG of the composite are predominantly governed by the Orowan bypassing
mechanism. In contrast, for the coherent/semi-coherent GP zones and n' phase in the
CG zone of the composite, as well as the remaining i’ phase in 7075A1, the dominant
strengthening mechanism is determined by the lower value between the Orowan
bypassing and the dislocation shearing mechanisms 1!,

The contribution of UFG intragranular n-SiC to strength is calculated using Eq. (6)

[51).

0.8MGb d‘n—SiC/b (6)
O i = .
n-Sic 2TV1-v A_dn—SiC

where v is Possion’s ration (v=0.33 for 7075Al '), d,,_g;c is the average particle

. . . . . 1 3 1
size of n-SiC; A is the average spacing between n-SiC, 4 = Edn_sic (zﬂ%)z’ where
n-Sic

,{'ltsrl% is the local volume fraction of intragranular n-SiC. Fig. S2 shows detailed

information on the distribution provides a detailed view of the distribution of n-SiC in
the UFG zones. The o,,_s;c values for both the HSB+7075 and HSB+LSB are 27 MPa
and 29 MPa, respectively.

For plate-like n/n" precipitates, their contribution to strength is calculated using

the modified Orowan bypassing Eq. (7) 52!:

_ chlb_v (1.123d,: 0318m Tdp 1.061dp)_1‘1n 0.981dy, 7)

0,
or afp 8 a ab

where d,, is the average diameter of intragranular precipitates; f, is the volume
fraction of intragranular precipitates; a 1is the diameter to thickness ratio of
intragranular precipitates.

The strength increment induced by the dislocation shearing mechanism comprises

coherency strengthening (o.s), modulus mismatch strengthening (o,,s) and order



strengthening (o,s). The larger of 0., + 0,5 or g,s is the total strength increment

from the dislocation shearing mechanism "°!. The values of o, 0,,s and 0,5 are

calculated from Eq. (8) - (10), respectively 3-5],

1

3071 \2
o = MGt () ®

3 1 3m

Oms = M0.0055(AG): ()2 (1) * ©9)

1
Ops = M0.81y§—§”(%)2 (10)

where a, =2.6 for fcc metals; e, is the constrained lattice parameter misfit, e.~ 0.03
for n'/7075Al, e~ 0.06 for GP zone/7075Al; r is the mean radius of intragranular
precipitates, r =0.5d,; Yq4pp 1s the antiphase boundary free energy of the precipitates;
m=0.85; AG is the modulus mismatch between the matrix and the precipitates.

Substituting the parameters into Eq. (7), the calculated a,, for 7075, HSB+7075,
and HSB+LSB are 174 MPa, 36 MPa, and 28 MPa respectively. The o.; for the n/’
phase and GP zone, calculated from Eq. (8), are 576 MPa and 1880 MPa respectively.
Since o0,, <o., Orowan bypassing strengthening is the dominant strengthening
mechanism in 1’ phase and GP zone.

The underlying mechanism of load transfer is the efficient redistribution of stress
from 7075Al matrix to n-SiC during deformation. It is noteworthy that employing n-
SiC maximizes the interfacial area, promoting a homogeneous stress distribution and

superior load-bearing efficiency. The load transfer effect 0;_, could be estimated by

Eq. (11) 7

Ot = STwVS (11)

where T,, is the Shear YS of 7075Al, (t,,=0,,,/v/3, 0,,=532.72 MPa); V is the

volume fraction of n-SiC; S is the aspect ratio of n-SiC (§=1). The o;_,; values for
the HSB+7075 and HSB-+LSB are 12 MPa and 13 MPa respectively.

As detailed in Table 4, the calculated theoretical values indicate that 7075A1, as
one of the well-established precipitation hardened series, is primarily enhanced through
Orowan strengthening by nanoprecipitates, which contributes approximately 174 MPa

in YS. The introduction of high-content unshearable n-SiC contributes about 30 MPa



to the Y'S of composites through dislocation bypassing mechanism, but also leads to the
recession of intragranular precipitation behaviors, as discussed in section 4.2. Given the
density of precipitates in CG and UFG zones of HSB+7075 and HSB+LSB is extremely
low, the corresponding contributions from precipitation hardening are only 36 MPa and
28 MPa, respectively. The reinforcement of composites primarily relies on HDI
strengthening, contributing approximately 325 MPa of YS according to LUR
experimental results. Fig. 12(a, b) show the comparative scatter diagrams focusing on
El & UTS and El & o0s-00.2, respectively, for the composites prepared in this work and
recently reported Al-Zn-Mg-Cu based composites. It can be seen that HSB+LSB and

HSB+7075 demonstrate a well-balanced strength-ductility and an improved strain

hardening efficiency (@).

Table 4. Theoretical yield strength increments of 7075A1 and n-SiC/7075A1 composites from different

strengthening mechanisms.

Sample ogg/MPa 04/MPa Oorowan/MPa 0;_t/MPa oypr/MPa owm/MPa Oex/MPa
HSB+LSB 100 98 28+29 13 325 593 547.87
HSB+7075 119 103 36+27 12 326 623 538.40

7075 47 90 174 / 308 619 532.72
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5. Conclusions

Heterogeneous bimodal-grained 7075A1 matrix composites incorporating high-
content (>7.5 wt%) locally distributed n-SiC were fabricated via powder metallurgy.
The effect of microstructural characteristics of CG zones on mechanical responses was
investigated. Samples whose CG components evolved from 7075A1 powders uniformly
embedded with n-SiC are denoted as HSB+LSB, while those containing unmodified
7075Al powders are denoted as HSB+7075. The conclusions are as follows:

(1) Unlike 7075Al, both HSB+LSB and HSB+7075 exhibit a two-stage yielding and
remarkably enhanced strain hardening efficiency. Compared with HSB+LSB,
HSB+7075 shows comparable YS (538.4 MPa) and UTS (662.0 MPa), yet delivers
a 20% increase in El (5.7%) and an improved strain hardening exponent (0.078),
thereby achieving an excellent strength-ductility synergy.

(2) Precipitation in composites is dominated by the locally distributed n-SiC and the
associated defects. The difference in precipitating behaviors between HSB+7075
and HSB+LSB originates from CG zones, i.e., nanoprecipitates tend to be
homogeneously distributed in the former, but nucleate via pipe diffusion and grow
along dislocations in the latter, due to the n-SiC/Al interface induced solute
segregation.

(3) The high-content n-SiC induced degradation of intragranular nanoprecipitates
reduces the strengthening contribution from Orowan mechanism by approximately
110 MPa, compared with that of 7075Al. As a result, the strengthening of
HSB+7075 and HSB+LSB is instead dominated by HDI mechanism, which
contributes over 325 MPa to the YS.

(4) The superior ductility of HSB+7075 derives from the combination between intrinsic
toughening promoted by improved HDI strain hardening capacity, and extrinsic
toughening governed by cracking delocalization. Such a synergy results from the
coupled effects of multiple factors, e.g., strain gradients, nanoprecipitates and

microcrack evolutions.
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